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ABSTRACT

The precipitation hardening behavior of an Al-0.08Zr-0.014Sc-0.008Er-0.10Si (at.%) alloy was investigated
utilizing microhardness, electrical conductivity, atom-probe tomography (APT), and compressive creep-
measurements. This new composition, with a Sc:Zr atomic ratio of less than 1:5 represents a significant
reduction of the alloy's cost when compared to the more usual Al-0.06Sc-0.02Zr based alloys with typical
Sc:Zr atomic ratios of 3:1. To study the precipitation behavior of this low-Sc alloy, isothermal aging ex-
periments between 350 and 425 °C for a duration of up to 6 months were performed. The low con-
centration of Sc, compensated by the high Zr concentration, permits the alloy to achieve a higher peak
microhardness than the corresponding Sc-richer, Zr-leaner alloys. The low-Sc alloy also shows better over
aging resistance, as anticipated from the smaller diffusivity of Zr when compared to Sc, leading to slower
coarsening kinetics. Atom-probe tomography demonstrates that the high microhardness is due to the
formation of a high number density of nano-precipitates, ~102> m~3 for peak aging conditions, with a
mean radius of 1.9 nm, thus yielding a high volume fraction (0.35%) of nano-precipitates. Like alloys with
much higher Sc and Er concentrations, the (Al,Si)3(Sc,Zr,Er) nano-precipitates still exhibit a core-shell
structure with a concentration of Zr in the shell of up to 25 at.%, and a Sc- and Er-enriched core.
Compressive creep experiments at 300 °C demonstrate that the new alloy, with only 0.014 at% Sc, is as
creep resistant as a binary Al-0.08Sc at.% alloy, displaying a threshold stress of 17.5 + 0.6 MPa at peak
aged condition.

© 2017 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

During the last decade, dozens of L1, forming Al-alloys have
been investigated, with micro-additions of one to five elements

The automotive industry has steadily reduced the environ-
mental footprint of vehicles by making more efficient use of fuel.
One way to achieve this goal is to decrease vehicle mass by an
increased use of low-density aluminum alloys. Most commercial
aluminum alloys are, however, limited to low temperatures (i.e.,
below ~225 to 250 °C) due to the dissolution or phase trans-
formation of their strengthening precipitates. To deploy aluminum
alloys for high temperature applications in automotive and aero-
space, one approach is to create coherent L1, precipitates con-
taining slow-diffusing elements, which strengthen the alloy by
impeding dislocation motion and are stable and coarsen only
slowly by diffusion at the operating temperature [1].
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[2—30]. These Al-alloys are aimed at optimizing the strength of Al-
alloys by achieving higher processing temperatures and main-
taining reasonable prices. Building on an alloy studied by Vo et al.
[26,29],we engineered a low-Sc, high-Zr Al-Zr-Sc-Er-Si alloy [30].
Addition of Zr to Al-Sc alloys improves the coarsening resistance of
the L1, precipitates by forming a Zr-enriched shell around a Sc-
enriched core, to form a core/shell precipitates. Al3Zr however
has a smaller lattice parameter mismatch with the Al matrix than
Al3Sc [16]. Replacement of Sc by Zr in this shell reduces the creep
strength of the alloy. By contrast, adding Er accelerates the nucle-
ation rate of the L1, precipitates, forms an Er-enriched core, and
since AlsEr has a larger lattice parameter mismatch with the matrix
than does AlsSc it markedly improves the creep strength [7,8].
Addition of Er to Al-Sc-Zr alloys thus compensates for the smaller
lattice parameter mismatch of the Zr-enriched core [17]. Alterna-
tively, silicon accelerates diffusion and precipitation kinetics of the
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L1, formers [20,26,29]. The effect of Si on the L1, precipitate-matrix
lattice parameter mismatch is, however, unknown. The newly
investigated Al-0.08Zr-0.014Sc-0.008Er-0.10Si at.% alloy [30], rep-
resents a drastic reduction of price, because Sc is extremely
expensive. Utilizing the current prices of Sc, Zr, Er and Al (2017) of
15,000,100, 95 and 0.44 USD/kg, respectively [31,32], the cost of the
new alloy is ~6 USD/kg, compared to ~16 USD/kg for the previous
Sc-richer composition; this is nearly a threefold decrease in cost.
We previously demonstrated that the alloy achieved a similar peak
microhardness of 587 + 20 MPa as the Sc-richer alloy during
isochronal aging [30]. The position of the peak shifted 50 °C toward
higher temperatures yielding a better coarsening resistance than
anticipated. An optimal single-step aging temperature was esti-
mated to lie between 350 and 425 °C.

This article investigates the precipitation hardening behavior of
the above low-Sc alloy during isothermal aging in the temperature
range 350—425 °C. The alloy exhibits increased strength and
coarsening resistance at the investigated temperatures compared
to Sc-rich alloys, and is as strong as an Al-0.08Sc alloy when crept at
300 °C. APT investigation reveals that the higher strength achieved
is due to the presence of a high number density and a high volume
fraction of nanometer diameter precipitates.

2. Experimental procedures

An alloy with a nominal composition of Al-0.08Zr-0.02Sc-
0.005Er-0.10Si at.% (Al-0.27Zr-0.03Sc-0.03Er-0.10Si wt.%), was mel-
ted in alumina crucibles in a resistively heated furnace by adding, to
molten 99.99 at.% pure Al, appropriate amounts of Al-8.0 wt% Zr, Al-
2 wt.% Sc, Al-3.9 wt% Er master alloys preheated to 640 °C and Al-
12.6 wt% Si preheated at 450 °C. The melt was maintained in air for
1 h at 800 °C, regularly stirred, and then cast into a graphite mold.
The mold was preheated to 200 °C and placed on an ice-cooled
copper platen prior to casting to enhance directional solidifica-
tion. The chemical composition of the as-cast alloy was measured
by direct current plasma mass spectroscopy (DCPMS) at ATI Wah
Chang (Albany, OR (Table 1). The iron concentration was less than
the detection limit (<100 wt ppm). APT was also utilized to measure
alloy chemical compositions, using the average values of ten spec-
imens (cf. Table 1). The LEAP tomography results are in reasonable
agreement with the DCPMS measurements. When compared,
however, to the nominal composition, the Sc concentration is lower.
In this article, we use the DCPMS composition of the alloy, Al-
0.08Zr-0.014Sc-0.008Er-0.10Si at.%, and we express all composi-
tions in atomic percent (at.%). For easier reading, and compared
with other alloys, this alloy is denoted the low Sc alloy.

After quenching, the alloy was homogenized in air for 8 h at
640 °C, which was determined to be the optimized homogenization
condition [30]. The alloy was then subjected to isothermal aging at
350, 375, 400 and 425 °C, for durations ranging from 20 min to 6
months. All heat treatments were performed in air and terminated
by water quenching.

Vickers microhardness measurements were performed
employing a Duramin-5 microhardness tester (Struers) utilizing an
applied load of 200 g for 5 s on samples polished to at leasta 1 um

Table 1
Composition (at.%) of the investigated alloy, as measured by direct plasma emission
spectroscopy (DCPMS) and local-electrode atom-probe (LEAP) tomography.

Zr Sc Er Si
Nominal 0.08 0.02 0.0045 0.10
DCPMS 0.075 0.014 0.0075 0.094
LEAP 0.060 0.011 0.0025 0.094°

3 Atomic concentration of?2Si2* ions in the LEAP tomographic mass spectrum.

surface finish. A minimum of ten and up to twenty indentations, on
different grains, were made for each specimen. Electrical conduc-
tivity measurements were performed utilizing a Sigmatest 2.069
eddy current instrument (Foerster Instruments, Pittsburgh, PA). For
each specimen, five measurements were made at 120, 240, 480, and
960 kHz.

Specimens for three-dimensional (3D) local-electrode atom-
probe (LEAP) tomography were prepared by cutting with a dia-
mond saw ~0.35 x 0.35 x 10 mm?> blanks, which were electro-
polished at 20—25 VDC using a solution of 10% perchloric acid in
acetic acid, followed by electropolishing at 12—18 VDC utilizing a
solution of 2% perchloric acid in butoxyethanol, both at room
temperature [33,34]. Pulsed-laser atom-probe tomography was
performed utilizing a LEAP 4000X Si-X tomograph (Cameca In-
struments Inc., Madison, WI) [35,36] at a specimen temperature
of 30 K. Focused picosecond ultraviolet (UV) laser pulses
(wavelength = 355 nm) with a laser beam waist of <5 pm at the e 2
diameter were utilized. Analyses were performed with a pulse
frequency of 500 kHz while maintaining a detection rate of 1 or 2%.
To reduce the white noise in the mass spectra for the Zr>+ ions due
to the thermal tail of the Al'* ions, the laser energy was adjusted for
each experiment, and ranged between 15 and 24 p] pulse. This
adjustment was achieved to obtain a compromise between a lower
AI'*2* ratio and low overall white noise in the mass spectra. LEAP
tomographic data were analyzed employing IVAS v3.6.1 (Cameca
Instruments). The LEAP datasets were reconstructed in the voltage
mode and the initial nanotip radius was adjusted in to obtain the
correct aluminum atomic interspacing for the observed crystallo-
graphic {hkl} planes.

Constant-load compressive creep experiments were performed
at 300 °C, with a thermal fluctuation of +1 °C. Cylindrical creep
specimens with a 10 mm diameter and 20 mm height, were placed
between boron-nitride-lubricated alumina platens, and heated in a
three-zone furnace. Sample displacement was measured with a
linear variable displacement transducer (LVDT) with a resolution of
10 pm. Minimum strain rates at a given stress were determined by
measuring the slope of the strain vs. time line in the steady-state
creep regime. The applied load was increased when a clear
steady-state strain rate was observed. The total accumulated creep
strain for each specimen was maintained below 10% to guarantee
that the shape of the specimens remained cylindrical and the
applied stress uniaxial.

3. Results
3.1. Isothermal aging at temperature ranging from 350 to 425 °C

The temporal evolution of the Vickers microhardness and
electrical conductivities of the low Sc alloy, homogenized for 8 h at
640 °C, and then aged at 350, 375, 400 and 425 °C, are plotted as a
function of aging time in Fig. 1. At 350 °C, the microhardness
gradually increases from the as-homogenized state (251 + 7 MPa)
and peaks at 639 + 29 MPa after aging for 40 h. This slow hardening
rate is due to the sluggish diffusion of Zr at 350 °C. For longer aging
times, the microhardness decreased slowly and stabilized at
~600 MPa between 3 weeks and 3 months. It later decreased
to 554 + 25 MPa after 6 months. The electrical conductivity
(Fig. 1b) increased steadily from 30.06 + 0.09 MS m~! to
33.66 + 0.07 MS m~! after 40 h, indicating continuous precipita-
tion. Beyond peak aging, the rate of change on the EC curve de-
creases with increasing aging times and after six months, the
measured electrical conductivity was 34.94 + 01 MS m~. The
change in rate after 40 h indicates that the driving force for pre-
cipitation has been greatly reduced and the matrix composition is
approaching equilibrium.
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Fig. 1. Evolution of: a)Vickers microhardness; and b) electrical conductivity during
isothermal aging at 350 °C (solid circles), 375 °C (squares), 400 °C (open circles) and
425 °C (triangles) of the low Sc alloy (Al-0.08Zr-0.014Sc-0.008Er-0.10Si at.%) homoge-
nized at 640 °C for 8 h.

Since the isothermal aging experiments performed at 375, 400
and 425 °C exhibit similar trends, but different peak microhardness
values, the microhardness and electrical conductivity curves are
described together (Fig. 1). For the three temperatures, the peak
microhardness was achieved after 24 h of aging, which is nearly
half the required time for aging at 350 °C. The peak microhardness
obtained for aging at 375, 400 and 425 °C are, respectively,
628 + 20, 575 + 34 and 481 + 21 MPa. The microhardness then
progressively decreased to 480 + 22, 390 + 12 and 304 + 11 MPa
after 6 months of aging. The electrical conductivity curves (Fig. 1b)
follow the same trend at these higher temperatures as the curve at
350 °C, but are shifted toward shorter incubation times (onset of
increase) with increasing temperature. For example, to achieve a
conductivity of 31 MS m~!, requires 160 min at 350 °C; for each
increase of 25 °C, this time is reduced by ~40 min. Aside for the
incubation time, the initial conductivity slopes are similar for the
three temperatures and reaches the beginning of a plateau region
after 24 h, corresponding to peak microhardness. The conductiv-
ities at the beginning of the plateaus are 34 + 0.1 MS, 34.34 + 0.06
and 34.45 + 0.12 MS m™ ', respectively, at 375, 400 and 425 °C. For
longer times, the conductivity continues to increase slowly, and
achieves values after 6 months of 35.27 + 0.08, 35.31 + 0.05 MS and
35.03 + 0.08 MS m~ !, respectively.

Based on the microhardness versus aging time curves (Fig. 1a),
the best aging temperature is identified. At 375 °C the best com-
bination of high peak microhardness (628 MPa) and short aging
time (24 h) is achieved. Once peak-aged, the alloy is anticipated to
maintain a stable microhardness for at least several months at
350 °C and lower.

The aging behavior at 400 and 425 °C of our low Sc alloy (Al-
0.08Zr-0.014Sc-0.008Er-0.10Si) is compared in Fig. 2a and b to those
of two previously investigated high Sc, low Zr alloys: Al-0.055Sc-
0.005Er-0.02Zr-0.05Si (high Sc alloy, with low Si concentration)
[26] and Al-0.055S5¢c-0.005Er-0.02Zr-0.12Si (high Sc alloy, with high
Si concentration) [29]. Before aging, the high Sc alloy was homog-
enized at 640 °C for 72 h, while the high Si alloy was homogenized
for 2 h. The high Sc alloy displays a fast hardening rate at 400 °C,
needing only 12 min to achieve a microhardness of 493 + 10 MPa.
The microhardness then slowly increases with time, peaking at
533 + 12 MPa after 60 h of aging. For longer aging times, the
microhardness continuously decreases, reaching 412 + 11 MPa after
3000 h (125 days). The high Si alloy, which contains the same
concentration of Sc as the high Sc alloy, but more than twice the
concentration of Si, displays a similarly fast increase of micro-
hardness for a short aging time. It, however, achieves a peak
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Fig. 2. Evolution of Vickers microhardness as function of aging time for aging tem-
perature of: a) 400 °C; and b) 425 °C for three different Al-Sc-Er-Zr-Si alloys: Al-0.08Zr-
0.014Sc-0.008Er-0.10Si at.% (low Sc alloy), Al-0.055Sc-0.005Er-0.02Zr-0.05Si at.% (high
Sc alloy) [26] and Al-0.055Sc-0.005Er-0.02Zr-0.12Si at.% (high Si alloy) [29].
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microhardness of 572 + 11 MPa after 2 h of aging. The micro-
hardness then slowly decreases during one week before displaying
an abrupt loss of microhardness, decreasing to 400 MPa after 2
months. Increasing the Si concentration of silicon is beneficial for
increasing the peak microhardness (7% higher), and achieving it
much faster (2 h vs. 60 h), and the alloy maintained a microhard-
ness >500 MPa for longer than one week. The faster decrease of the
microhardness is an undesirable characteristic of this alloy [29]. At
425 °C (Fig. 2b), the high Sc alloy, needs 8 h to achieve a peak
microhardness of 517 + 17 MPa before commencing to decrease,
with the microhardness decreasing to <400 MPa after ~360 h.

In our low Sc alloy, the critical substitution of the cheaper Zr for
the expensive Sc has the strong effect of strongly decelerating the
hardening process, taking twelve times longer than for the high Si
alloy to reach a peak microhardness when aging at 400 °C (Fig. 2a).
Nevertheless, the high peak microhardness was kept and reached
575 + 34 MPa. After peak aging, the microhardness of the low Sc
alloy follows a similar aging behavior as the high Si alloy for
approximately two weeks. It, however, does not suffer the same

WZzr
BSc
HEr

50 nm

later's rapid loss of microhardness, exhibiting a similar micro-
hardness as the high Sc alloy for an aging duration >1000 h. At
425 °C, the low Sc alloy achieves a smaller peak microhardness than
the high Sc alloy after longer aging times. It, however, displays a
better over-aging resistance, as demonstrated by the slower
decrease of microhardness (cf. Fig. 2b).

3.2. Nanoprecipitate characterization by atom-probe tomography

To identify the strengthening mechanism resulting from the
nanoprecipitates, atom-probe tomography was performed on
samples aged for 24 h at 375 or 400 °C (peak microhardness), aged
21 days at 375 °C or 11 days at 400 °C (overaged). The micro-
structures obtained for these four aging conditions are displayed in
(Fig. 3). In those APT 3-D reconstructions the Sc, Er and Zr atoms are
respectively indicated in red, blue and green. Aluminum and silicon
atoms are omitted for clarity. The number density (Ny), mean radius
((R)) and volume fraction (¢), measured for several analyzed vol-
umes for each aging condition, reported in Table 2 and compared

Fig. 3. Three-dimensional (3-D) APT reconstructions of Al-0.08Zr-0.014Sc-0.008Er-0.10Si at.% (low Sc alloy) isothermally aged at 375 °C for a) 24 h and b) 21 days or at 400 °C for c)
24 h and d) 11 days, after being homogenized for 8 h at 640 °C. Scandium atoms are displayed in red, Zr atoms in green, Er atoms in blue. Al and Si atoms are omitted for clarity.

Table 2

Precipitate number density, Ny, mean radius (R), volume fraction, ¢, and microhardness, HV, for Al-0.055Sc-0.005Er-0.02Zr-0.05Si at.% (high Sc alloy) [26] homogenized 2 h at
640 °C and isothermally aged at 400 °C for 0.5 or 66 days, for Al-0.055Sc-0.005Er-0.02Zr-0.18Si at.% (higher Si alloy) [29] homogenized 2 h at 640 °C and isothermally aged at
400 °Cfor 0.5 or 2 h, and for Al-0.08Zr-0.014Sc-0.008Er-0.10Si at.% (low Sc alloy) homogenized 8 h at 640 °C and isothermally aged at 375 °C for 24 h or 21 days, or aged at 400 °C

for 24 h or 11 days.

Alloy's composition Aging Ny ( x 10?2 m~3) (R) (nm) ¢ (%) HV (MPa)
Al-0.055S¢-0.005Er-0.02Zr-0.05Si 400 °C/0.5 h 1.11 £ 037 41+08 0.235 504 + 13
400 °C/66 days 0.2 +0.10 6.3 +0.3 0.210 429 + 14
Al-0.055Sc-0.005Er-0.02Zr-0.18Si 400 °C/0.5 h 2.23 +0.57 29+0.7 0.229 536 + 16
400 °C/2 h 1.94 + 0.27 3.1+09 0.252 607 + 9
Al-0.08Zr-0.014Sc-0.008Er-0.10Si 375°C[24 h 9.21 + 0.59 19+04 0.31 + 0.02 628 + 20
375 °C/21 days 2.22 +0.26 27+0.7 0.34 + 0.04 566 + 22
400 °C/24 h 3.56 + 0.34 27+06 0.33 £ 0.03 575+ 35
400 °C/11 days 1.69 + 0.44 34+07 0.37 + 0.09 515+ 18
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with data obtained from the a high Sc alloy (Al-0.055Sc-0.005Er-
0.02Zr-0.05Si) [26] and a high Sc alloy with a higher Si concentra-
tion (Al-0.055Sc-0.005Er-0.02Zr-0.18Si) [29]. The low Sc alloy dis-
plays a surprisingly high number density of nanometric size
precipitates, with a maximum measured number density of
1.29 + 0.2 x 103> m~3, obtained in a nanotip aged 24 h at 375 °C,
and displays a high volume fraction (¢) of precipitates, estimated to
be between 0.3 and 0.35%. In comparison, the two Sc-rich alloys
have only a volume fraction of 0.21—-0.25% and a number density
between 1 and 2 x 102 m 3 for peak aging conditions at 400 °C. For
this same aging temperature and at a peak age condition (24 h), the
low Sc alloy displays a number density of 3.56 + 0.34 x 102> m~3,
which represent a two to four-fold increase when compared to the
two prior alloys. For the peak aging conditions, the mean precipi-
tate radius is 1.9 + 0.4 nm at 375 °C and 2.7 + 0.6 nm at 400 °C for
the low Sc alloy. In the peak aged condition at 400 °C, the high Sc
alloy has a mean precipitate radius of 4.1 + 0.8 nm, whereas for the
higher Si alloy it is 3.1 + 0.9 nm.

During aging of the low Sc alloy, the precipitate number density
decreases by a factor of four in 20 days at 375 °C, while simulta-
neously the precipitates's mean radius increases by 0.8 nm,
reaching 2.7 + 0.7 nm. At 400 °C, the number density decreases by
~50% and the precipitates's mean radius increases by 0.7 nm over
10 days (3.4 + 0.5 nm). For the high Sc alloy aged at 400 °C, the
number precipitate density decreases to 0.2 + 0.1 x 102 m~> over
65 days, while the precipitates's mean radius increases by
2.2 nm—6.3 + 0.3 nm. The overaged data for the higher Si alloy were
estimated based on microhardness values measured on a sample
aged 65 days at 400 °C (381 + 11 MPa). A precipitate number
density of 7 + 3 x 10%° m> and mean precipitate radius of
12.5 + 2.5 nm were estimated.

Proximity histograms are displayed in Fig. 4, showing the radial
concentration profiles of the precipitates at a given distance from
the average o-Al/(ALSi)3(Sc,ZrEr) interface, defined by an iso-
concentration surface at the inflection point of the Al concentration
profile. These specific concentration profiles have been measured
using the datasets displayed in Fig. 3. Zirconium and Sc concen-
tration profiles are displayed according to the left-hand ordinate,
while Er and Si are displayed according to the right-hand ordinate.
Representative precipitates for each aging conditions are displayed
in the insets; the scale mark is 10 nm long. The precipitates exhibit
core-shell structures, with a shell that is close to AlsZr and a core
enriched in Sc, Er and Si. In the peak aged condition at 375 °C (a),
relatively steep concentration profiles are measured inside the
nanoprecipitates. For this configuration, the core radius and shell
thickness are about 1 nm. After 21 days at 375 °C (b), the nano-
precipitates grow and the concentration gradients inside the
nanoprecipitates exhibit some flattening, indicating that the core-
shell structure is progressively homogenizing, while simulta-
neously more Zr atoms are incorporated, progressively replacing Sc
and Er atoms in the core. For an aging temperature of 400 °C, at
peak-aged conditions (c), the precipitates display a large Sc-Er-Si
enriched core, about 2 nm radius, surrounded by a 1.5 nm thick
Zr-enriched shell. Note that a diffuse core-shell interface is
observed. When the nanoprecipitates are aged at 400 °C 11 days
(d), the concentration profiles become homogenized and the
enriched core shrinks to about 0.5 nm while the shell grows. The
initial formation of a Zr-enriched shell was anticipated due to the
smaller diffusivity of this element in aluminum, when compared to
the diffusivities of Sc and Er in Al; hence these two elements pre-
cipitate first. The nearly pure AlsZr shell was, however, an unex-
pected feature of the nanoprecipitates. Indeed, the previously
investigated Al-Sc-Er-Zr-Si alloys only displayed an enrichment of
Zr in the shell, with a maximum observed Zr concentration of
~7 at% after 66 days of aging at 400 °C [26], whereas the
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Fig. 4. Concentration profiles across matrix/precipitate interfaces of Al-0.08Zr-0.014Sc-
0.008Er-0.10Si at.% (low Sc alloy) isothermally aged at 375 °C for: (a) 24 h; (b) 21 days
or at 400 °C; (c) 24 h; and (d) 11 days, after being homogenized for 8 h at 640 °C. The
inset images show 3-D APT reconstructions of representative precipitates. Scandium
atoms are displayed in red, Zr atoms in green, Er atoms in blue and Si in black. The
black scale markers are 10 nm long.
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nanoprecipitates already exhibit a 1.5 nm thick AlsZr shell after
24 h at 400 °C.

As shown in Table 3, this higher Zr concentration can also be
easily observed for the average precipitates's composition. For the
previously developed alloys (high Sc and higher Si alloys), the
nanoprecipitates exhibited high Sc concentrations (~21%) and small
concentrations of Zr (0.3—1.4%) and Er (~2%) for the peak aged
condition. As the nanoprecipitates grow, the Zr concentration in-
creases, with a maximum concentration of 3.46%. For the low Sc
alloy, the main constituent of the nanoprecipitates is Zr (~20 at.%)
with only 4—7 at.% Sc and 1-2 at.% Er. Our new alloy thus displays a
complete shift from Sc to Zr as the main constituent of the nano-
precipitates. Since the Er concentration in the alloys is essentially
the same, the mean nanoprecipitate concentration of Er hasn't been
modified. A more important difference can be observed concerning
the Si concentration. Silicon has previously been shown to partition
to inside the nanoprecipitates. For example, in the high Sc alloy,
which contains 0.05 at.% Si, the concentration of Si inside the
nanoprecipitates lies between 1.1 and 2.8 at.%, whereas it increases
to 5—5.8 at.% for the higher Si alloy, with 0.18 at.% Si. For the low Sc
alloy, which contain 0.1 at.% Si, the Si only represents 1.2—2.7% of
the nanoprecipitates's mean composition, comparable to the high
Sc alloy. This limited incorporation of Si into the nanoprecipitates,
compared to the overall Si present in the matrix, suggests a weaker
interaction energy between Si and Zr atoms than between Si and Sc
atoms. Interestingly, we observe that for long aging durations
(mean value between sample aged 21 days at 375 °C and 11 days at
400 C) (Table 3) the Zr:Sc:Er atomic ratio in the nanoprecipitates is
80:16.5:3.5, which is similar to the mean Zr:Sc:Er ratio in the alloy
with an overall ratio of 81.7:14.9:3.4 as determined by LEAP to-
mography (Table 1). Although solute concentrations may fluctuate
from nanotip-to-nanotip, during APT analyses, due to the dendritic
structure and the small analyzed volumes, the local precipitate
composition ratios always follow the overall nanotip's composition.

Table 3 also displays the mean matrix compositions measured
from several analyzed LEAP tomographic volumes. As we have
observed, most of the expensive Sc is partitioning to the pre-
cipitates, and only ~10 at ppm Sc remains in the matrix of the low Sc
alloy at peak aging, and is as small as ~5 at ppm for long aging
times, whereas the Sc-rich alloys exhibit high amounts of Sc
(50—70 at ppm) in the matrix. The same trend is observed for the Zr
matrix concentration. For peak aging conditions, the low Sc alloy
displays a small concentration of Zr solute remaining in the matrix
(~150 at ppm at peak aging), which decreases further during aging
(~30 at ppm for both overaged condition at 375 °C and 400 °C). No
peaks associated with Er isotopes are detected in the mass spec-
trum of the low Sc alloy's matrix. In contrast to these three solute
species Si does not partition strongly to the nanoprecipitates, rather
it remains dissolved in the matrix. From the total of 1000 at ppm of
solute atoms (Sc, Er and Zr), after peak aging, respectively, at 375 °C
and 400 °C, only 152 and 164 at ppm, respectively, of these solutes

Table 3

remain in the matrix, which means that more than 85% of the so-
lute atoms precipitate, whereas only one third of the 800 at ppm
solute atoms precipitate for the high Sc alloys. The higher total
solute-atom concentrations result in increased partitioning of so-
lute elements to the nanoprecipitates and to an increased volume
fraction of L1, nanoprecipitates and therefore higher microhard-
ness values.

3.3. Creep behavior at 300 °C

To investigate the effects of the nanoprecipitates's size on the
creep strength, samples of the new low-Sc alloy were either
annealed up to peak conditions at 375 °C for 24 h (~628 MPa), or
overaged at 400 °C for 11 days (~515 MPa). Since the microstruc-
tures of the alloy after these two different aging conditions have
been investigated by LEAP tomography, the initial average radius of
nanoprecipitates prior to creep is known (1.9 and 3.4 nm, respec-
tively). As the creep experiments are performed at 300 °C, well
below the aging temperature, no significant coarsening of the
nanoprecipitates occurs during creep deformation. A typical
compressive creep strain vs. time curve is shown in Fig. 5a. For this
particular test performed on a peak-aged sample, the compressive
creep experiment commenced with an applied stress of 18 MPa
and, once the minimum strain rate was achieved for a given stress,
the load was increased further, up to a stress of 21.8 MPa; the
experiment was terminated when a total strain of 10% was ach-
ieved. The blue line indicates the measured slopes when a mini-
mum strain rate was achieved. Fig. 5b displays a double-
logarithmic plot of the minimum compressive creep strain-rate
versus applied stress during a creep experiment at 300 °C for the
Al-0.08Zr-0.014Sc-0.008Er-0.10Si alloy (low Sc alloy). Data con-
cerning Al-0.08Sc, Al-0.06Sc-0.02Er and Al-0.06Sc-0.02Zr, see
Refs. [8,37], are included for comparison.

For both aging conditions, the low Sc alloy exhibits significant
creep resistance at 300 °C, similar to the binary Al-0.08Sc alloy,
which has four times more Sc. High apparent stress exponents are
observed (ng = 36 + 1), which are indicative of a threshold stress,
below which creep is not measurable. A modified version of the
Mukherjee-Bird-Dorn power-law equation states that the mini-
mum strain rate ¢ is given by:

b= A0 — o)" exp (%) (1)

where A is a constant, ¢ is the applied stress, oy, is the threshold
stress, n is the matrix stress exponent, Q is the matrix creep acti-
vation energy, kg is the Boltzmann constant and T the absolute
temperature. The value of the threshold stress, o, is calculated by
dividing the intercept by the slope employing a weighted least-
squares linear-regression analysis of v/ versus ¢ [38]. The experi-
mental value for the Al matrix, n = 4.4, is employed [39]. Threshold

Composition of nano-precipitates and the matrix in the same three alloys listed in Table 2.

Alloy's composition Aging Precipitates comp. (at. %) Matrix comp. (at. ppm)
Al Sc Er Zr Si? Sc Er Zr Si?
Al-0.055S5¢-0.005Er-0.02Zr-0.05Si 400 °C/0.5 h 73.3 214 2.2 03 2.8 76 21 157 274
400 °C/66 days 74.2 19.5 1.7 35 1.1 49 14 14 441
Al-0.055S5¢-0.005Er-0.02Zr-0.18Si 400 °C/0.5 h 74.5 16.7 1.6 14 5.8 63 4 242 845
400 °C/2 h 701 21.0 1.7 2.2 5.0 55 ND 72 902
Al-0.08Zr-0.014Sc-0.008Er-0.10Si 375°C[24 h 71.9 6.6 22 16.7 2.6 11 ND 141 878
375 °C/21 days 73.0 3.7 1.0 21.1 1.2 5 ND 31 880
400°C/24 h 72.7 7.0 1.6 17.5 1.2 10 ND 154 763
400 °C/11 days 73.5 4.7 0.8 19.8 1.2 5 ND 30 917

3 Atomic concentration of?3Si* in LEAP tomographic mass spectrum.
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Fig. 5. a) Strain vs. time for compressive creep of the low Sc alloy, homogenized at
640 °C for 8 h and peak-aged at 375 °C for 24 h. The inset is a magnification of the low
strain rate region. The straight lines indicate the minimum strain rates. b) Double-
logarithmic plot of minimum compressive creep strain-rate vs stress for a creep test
at 300 °C of the Al-0.08Zr-0.014Sc-0.008Er-0.10Si alloy at.% (low Sc alloy), homogenized
at 640 °C for 8 h, then aged at 375 °C for 24 h (1.9 nm) or aged at 400 °C for 11 days
(3.4 nm). Data for Al-0.08Sc, Al-0.06Sc-0.02Er and Al-0.06Sc-0.02Zr, from Refs. [8,37],
are included for comparison.

stresses of 17.5 + 0.6 MPa and 19.3 + 0.6 MPa are determined using
the data obtained during creep of samples, which had been,
respectively, peak aged or overaged.

4. Discussion
4.1. Modeling of strength

To identify the operating strengthening mechanism in this alloy,
the strength increment induced by different possible mechanisms
are calculated: (i)ordering strengthening (goq); (ii) coherency and
modulus strengthening (¢con + 0mod); and (ii) Orowan dislocation
looping (gor0). The associated equations are given in Appendix A,
which, together with the present discussion, follow prior similar
discussions on high-Sc alloys [3,4,15,17,20,26]. The estimated

strength increments are reported in Table 4 and compared with the
experimentally obtained strength increment, defined as AHV/3
[40]; AHV is the difference between the measured microhardness
of the precipitation strengthened alloy and the microhardness of
pure Al, 200 MPa [7,16,41]. In Fig. 6 the calculated strength incre-
ment is plotted as a function of the nanoprecipitates's mean radius,
for two volume fractions, 0.3% and 0.35%, in addition to the
experimentally obtained strength increments for the four condi-
tions investigated by LEAP tomography. The critical mean nano-
precipitate radius between coherency plus modulus strengthening
and Orowan strengthening is estimated to be at ~2.2 nm, at which
point nanoprecipitate bypassing becomes the limiting factor.

For the peak aged conditions at 375 °C, a mean nanoprecipitate
radius of 1.93 + 0.42 nm, a volume fraction of 0.31% and a strength
increment of 142 + 7 MPa were measured. For this nanoprecipitate
mean radius and volume fraction, the strengthening mechanism
appears to be coherency and modulus strengthening with an esti-
mated value of 150 + 15 MPa. The microstructures after aging at
375 °C for 21 days or at 400 °C for 24 h are extremely similar
((R(t = 21 days or 24 h)) = 2.7 nm, and ¢ = 0.34 or 0.33%), which
give rise to similar strength increments (122 + 7 or 125 + 12 MPa).
As displayed, however, in Fig. 6, the calculated Orowan strength
increment is somewhat overestimated for both cases. The same is
true for the sample aged 11 days at 400 °C with (R(t = 11
days)) = 3.4 + 0.7 nm, with a measured strength increment of
105 + 6 MPa. Although within the range of the error bars, this lower
experimental value (105 + 6 MPa) suggests a lower effective vol-
ume fraction than the one determined by atom-probe tomography,
which may be related to the effects of the dendritic structure on the
distribution of solute atoms and thus on the distribution of nano-
precipitates. As previously demonstrated [30], the Zr distribution is
inhomogeneous after solidification of the alloy, which displays
dendritic cores enriched in Zr, and interdendritic channels depleted
in Zr. Unlike for Er, Sc and Si, the slow diffusivity of Zr does not
permit to fully homogenize the solute, even after annealing at
640 °C for 24 h. Furthermore, large AlsZr precipitates form during
this homogenization annealing step, thereby depleting the matrix
of Zr. Due to this segregation of Zr, interdendritic channels depleted
of L1, nanoprecipitates are formed in the interdendritic regions.
The nanoprecipitate-free channels are relatively narrow (~15 um
channels vs. >100 um cores [30]), therefore the probability to
prepare randomly a nanotip containing a channel is small. The
overall volume fraction across the dendritic structure (channel and
dendrites) is thus expected to be smaller than was measured by
LEAP tomography, which would explain the difference in micro-
hardnesses between simulations and measurements. Unaffected
by this sampling issue the study of the precipitate sizes distribution
(Fig. 6) indicates that the peak aged condition at 375 °C is close to
the transition point between dislocation shearing and dislocation
looping of nanoprecipitates and both mechanisms could be oper-
ational due to the spatial distribution of nanoprecipitates and their
size distributions (as studied via dislocation dynamics modeling
[42]), whereas for longer aging times (and large precipitate mean
radius, the Orowan looping mechanism occurs and limits the alloy's
microhardness.

4.2. Nanoprecipitation kinetics

In the previously investigated Al-Sc-Er-Zr alloys with high Sc-
concentrations, the precipitation of Sc atoms was the main source
of strengthening [17], which allowed to reach the peak micro-
hardness after only 30 min of aging at 400 °C due to the large
diffusivity of Sc and/or Er. The controlled addition of Si [26,29]
further reduced this incubation time to 10 min, while simulta-
neously increasing the microhardness of the alloy due to an
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Table 4

Experimental (AHV/3) and calculated strength increments (eq. (A1—A4) for the low Sc alloy.

Alloy's composition Aging Strength Increment (MPa)
Adord AGcoh + AGmod Aoor AHV/3
Al-0.08Zr-0.014Sc-0.008Er-0.10Si 375°C/24 h 131 +13 150 + 15 168 + 17 142 +7
375 °C/21 days 137 + 14 174 + 17 143 + 14 122 +7
400 °C/24 h 134 + 13 168 + 17 141 + 14 125+ 12
400 °C/11 days 142 + 14 186 + 19 129 + 13 105+ 6
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Fig. 6. Yield stress increment vs. mean precipitate radius, (R), for the low Sc alloy (Al-
0.08Zr-0.014Sc-0.008Er-0.10Si at.%) aged at 375 °C for 24 h or 21 days (black squares),
or aged at 400 °C for 24 h or 11 days (open circles). The curves represent calculated
predictions of the strength increment associated with ordering (purple) (eq. (A1)),
coherency and modulus (red) (eq. (A2 and A3) or Orowan (green) (eq. (A4))
strengthening for volume fractions ¢ of 0.3% (dotted line) and 0.35% (dashed line).

increased number density of nanoprecipitates and their volume
fraction. The acceleration of solute diffusivities is due to an
attractive interaction of Si atoms with Sc and Zr atoms; the
respective binding energies are 0.33 and 0.18 eV atom™! at first
nearest-neighbor sites. Additionally, Me-Si-V trimers form due to
attractive binding energies and they have an enhanced mobility
[19]. Alternatively, due to Zr's small diffusivity in Al, the Zr-rich
alloys need excessively long aging times before achieving a peak
microhardness [10,11,18,22,23], generally more than 100 h at 400 °C
for a similar concentration of solute used in this study. As for Al-Sc
based alloy, addition of Si to Al-Zr based alloys induces faster pre-
cipitation kinetic [23,43—45].

In our low Sc alloy, even though Zr is the main solute element,
the relatively high Si concentration enables achieving peak
microhardness after a short time of 24 h at 400 °C (cf. Fig. 2a),
which is a significant reduction of time compared to the 100 h
needed for an Al-0.1Zr alloy aged at 400 °C (microhardness is
~420 MPa). This strong reduction cannot, however, be assigned
solely to the addition of Si [23,43—45] as the addition of Sc [15,16]
and Er [18,22] also reduce the time necessary to reach peak
microhardness by forming nuclei on which the Zr atoms pre-
cipitates. The faster precipitation kinetics thus results from a syn-
ergistic effect among these elements.

4.3. Apparent activation energy for precipitation

As noted, following the change in electrical conductivity or its
reciprocal, electrical resistivity, allows to monitor the precipitation
of solute from the matrix. The scattering of electrons by solute

atoms in the matrix is stronger than their scattering by precipitates.
At a low defect concentration, the increase in resistivity is pro-
portional to the concentration of an impurity. For example, in the
case of Sc in aluminum, the electrical resistivity, p, increases by
34 nQ m per atomic % [46]. Due to the presence of four impurities in
our alloy (Sc, Er, Zr and Si) each with its own scattering cross-
section, it is not possible to monitor precisely the change in ma-
trix composition from the electrical resistivity curves and obtain
solubility limits. Analyzing such curves can, however, yield an
apparent activation energy for precipitation using the cross-cut
method [47].

To apply the cross cut-method, isothermal annealing must be
applied to a set of identical samples, that is, after homogenization.
By drawing a line parallel to the time axis at a given value of re-
sistivity, pp, the time needed, t;, to achieve a specified change in
solute concentration at a temperature, Tj, can be measured. If
several isothermal annealing curves are utilized, the temperature
dependence of the time needed to achieve a specified change of
resistivity is described by:

Qapp
kBTi (2)

In(t;) = Inf +

where Qapp is the apparent activation energy for precipitation and
kg is Boltzmann's constant. The logarithm of t; is thus linear in 1/T;
with a slope of Qapp/kp. By using several different cuts, one can
check that a single thermally activated process is occurring. If a
constant activation energy is operative in the investigated tem-
perature range, all lines should be parallel and only offset by &.
For easier reading, Fig. 7a shows the relative resistivity change in
percent, %, as a function of aging time, calculated from the
measured electrical conductivity curves (Fig. 1b). Several cuts were
made to obtain a precise value of the apparent activation energy
and check that it is a singly thermally activated process. Fig. 7b is a
plot of the logarithmic variation of tj as a function of 1000/T; for
different specified values of resistivity changes. Fig. 8 displays the
activation energy obtained from the slope of those curves. An
apparent activation energy of 0.66 + 0.14 eV was determined in the
rapid growth region (less than 10% resistivity change) and this is in
good agreement with 0.70 + 0.09 eV, which was previously ob-
tained from the isochronal annealing experiments [30].
Deviations from this value are observed for a resistivity change
greater than 10% (cf. Fig. 8). Beyond the 24 h mark (cf. Fig. 7b).,
application of the cross-cuts method does not yield a constant slope
in the investigated temperature range, which indicates that another
thermally-activated process is occurring. Although the cross-cuts
made at values of 12.75%—13.25% exhibit a constant slope versus
1000/T (cf. Fig. 7b), they are not parallel to each other, leading to a
variation in the apparent activation energy (from 1.9 + 0.06 to
1.7 + 0.14 eV) (Fig. 8). The estimated apparent activation energy for
a resistivity change greater than 10% represents a convolution of
multiple processes whose physical meaning is difficult to ascertain
from the experiments performed. Due to the change in solid-
solubility as a function of temperature, the matrix composition
exhibits different equilibrium concentrations, as indicated by the
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Fig. 8. Change in the effective activation energy as a function of relative resistivity
change during isothermal aging experiments, as estimated utilizing the method of
cross-cuts [47].

crossing resistivity curves. Thus, it is not possible to determine a
diffusion-limited activation energy using the above approach.
However, according to the Lifshitz-Slyozov-Wagner (LSW) model, if
coarsening of precipitates is diffusion-limited, the matrix compo-
sition should evolve according to the following equation:

AC(t) = C(t) — C(o0) = k(t — to)" (3)

where tg is the onset of the quasi-stationary coarsening regime, C(t)
the matrix composition, C(co) the equilibrium concentration, « the
rate constant and r the temporal exponent. Since p is proportional
to C, the change in resistivity during diffusion-limited coarsening
follows:

Ap(t) = p(t) — p(co) = K*(t — to)" (4)

According to the LSW model, the temporal exponent r is —1/3
when coarsening is diffusion-limited. Using a nonlinear multivar-
iate regression analysis [48], K, p(c) and r were fitted using the
resistivity curves for a time greater than 264 h and for all four
temperatures, separately. A temporal exponent r of —1/3 is ob-
tained each time, confirming that the long-term coarsening
behavior of the L1, (AlSi)3(Sc,Er,Zr) nanoprecipitates is indeed
diffusion-limited.

4.4. Coarsening resistance

In previous work on a high-Sc concentration Al-Sc-Er-Zr alloy
[17], it was demonstrated that the coarsening of the nano-
precipitates was extremely slow over extended time periods, the
microhardness value being stabilized at ~450 MPa for aging 64 days
at 400 °C, before slowly decreasing. As previously discussed, the
addition of 0.05 at.% Si induced faster precipitation kinetics and also
increased the peak microhardness value [26]. However, it had the
undesirable effect of causing faster coarsening of the nano-
precipitates; the alloy's microhardness decreased after 3 days at
400 °C. The long-term microhardnesses of the alloy was, however,
comparable to the Si-free alloy beyond 12 days, displaying similar
decreasing rates. Further increasing the Si concentration in the
alloy accentuated these effects, leading to higher microhardnesses
and faster over-aging kinetics [29].

The same effect is anticipated to occur in the low Sc alloy. As
shown in Table 3, most of the nano-precipitate-forming solute
atoms have already precipitated for the peak-aged conditions. A
longer aging time allows more solute atoms to precipitate from the
matrix but it has a limited effect on the volume fraction. This thus
cannot account for the observed increase in the precipitate mean
radius (cf. Table 2). A significant decrease in number density is,
however, observed indicating coarsening of the nano-precipitates
caused by Ostwald ripening. Due to the small partitioning of Si
into the nano-precipitates, the Si atoms remain in solid-solution in
the matrix (cf. Table 3). These atoms remain available to enhance
the diffusion kinetics of Zr, Sc and Er atoms. Since the precipitate
growth rate is proportional to the solute diffusivity during Ostwald
ripening [49]; the high concentration of Si in the matrix reduces the
coarsening resistance of the nano-precipitates. It is anticipated that
further increasing the Si concentration in this low Sc alloy will
induce faster precipitation kinetics, reducing the time to achiever
the peak aging state, and increase peak microhardness. However it
would also further reduce the coarsening resistance of the alloy, as
in the Sc-rich Al-Sc-Er-Zr-Si [29].

Nevertheless, the low Sc alloy exhibits higher strength than the
prior alloys for extended lengths of time at 400 °C, and it displays
the same strength as the high Sc [26] and Al-Sc-Er-Zr [17] alloys
after 1000 h (Fig. 2a). Although the low Sc alloy achieve a smaller
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peak microhardness compared to the high Sc alloy when aged
directly at 425 °C (Fig. 2b), it displays a slightly slower loss of
microhardness during further aging, most probably due to the
formation of the more stable and thicker AlsZr shell.

4.5. Creep properties

The low Sc alloy exhibits the same creep resistance as the Sc-
richer Al-0.08Sc binary alloy (cf. Fig. 5b), which can be explain by
considering the precipitates's compositions. Creep resistance in Al-
Sc-based alloys has been shown to depend on mean precipitate
radius and the lattice parameter mismatch strains between the L1,
precipitates and the matrix [8]. Due to the complex core/shell
structure of the nanoprecipitates, whose compositions and size
ratios evolve with aging time, we calculate, as an approximation,
the L1, precipitate lattice parameter using Vegard's rule, when
considering the average nano-precipitate composition (Table 3).
Possible effects of the core/shell structure's homogenization, dur-
ing aging, on lattice parameter mismatch are not considered. An
average lattice parameter of 4.093 + 0.03 A is calculated using the
lattice parameters a of AlsZr, AlsSc and AlsEr [50]. The lattice
parameter mismatch between precipitate and matrix is 1.1% at
ambient temperature. It is anticipated that the nano-precipitates
formed in the low Sc alloy induces a strain field similar to the
one produced by stoichiometric coherent Als3Sc precipitates
(a = 4103 A). In comparison with the threshold stresses of
17.5 + 0.6 and 19.3 + 0.6 MPa obtained for the low Sc alloy (Fig. 5b),
Al-0.08Sc alloy exhibits g, = 19.8 + 1.3 MPa for a mean precipitate
radius of 3 nm and, Al-0.065c-0.02Er threshold stresses of 17 + 1
and 22 + 1 MPa for mean precipitate radii, respectively, of 3 nm and
5 nm [8]. For the Al-0.06Sc-0.02Zr alloy, with nano-precipitates
exhibiting a smaller mismatch than Al3Sc due to the Zr addition,
as the nanoprecipitates grew from 3 to 5 nm, the threshold stress
decreased from 12.4 + 0.3 to 11.3 + 0.3 MPa [37]. The low Sc alloy
thus displays threshold stresses close to those of Al-Sc and Al-Sc-Er
alloys and much higher than that of Al-Sc-Zr. The reduced creep
strength anticipated for the AlsZr smaller lattice parameter
mismatch is thus compensated, in the low Sc alloy, by the Sc- and
Er-enriched core, which induce a larger lattice parameter mismatch
with the surrounding matrix. As the precipitates grow larger, a
stronger strain field is created, thereby further impeding disloca-
tion motion. The low Sc alloy's creep resistance improves as the
mean precipitate radius increases. As seen in Fig. 5b, for a given
stress, the minimum strain rate is almost ten times slower for the
overaged condition when compared to the peak aging condition.

4.6. Nano-precipitates's concentration profiles

Concentration profiles within precipitates formed in the Al-Sc-
Er-Zr alloys exhibited a core-double shell structure with an Er-
enriched core, Sc-rich inner-shell and Zr-rich outer-shell [17]. The
concentration profiles were estimated to result from the sequential
precipitation of Er, Sc and Zr due to their different intrinsic diffu-
sivities in aluminum (Dg; > Ds¢ > Dz;). Due to the small diffusivities
of solute in the Al3X(L1,) nano-precipitates, the concentration
profiles were maintained for extended aging durations [17]. Addi-
tion of Si to the quaternary alloy induces the formation of a ho-
mogenized mixture of Sc, Er and Si atoms in the core and a Zr rich
shell [26,29]. It was proposed that the Si addition induces the for-
mation of Si-Er and Si-Sc dimers; these dimmers could have similar
diffusivities in the aluminum matrix, thus preventing the sequen-
tial precipitation of Er and Sc. Another proposed scenario is the
possibility that Si additions in the L1, precipitates's cores could
enhance the diffusivities of Sc and Er inside the nano-precipitates,
which reduce the concentration gradients.

LEAP tomographic investigations performed on the low Sc alloy
revealed that the L1, precipitates's concentration profiles were
strongly affected by the drastic change in the alloy's composition.
Table 3 shows that, besides aluminum, the main constituent in Sc-
rich alloys was Sc with an average precipitate composition close to
20 at.% Sc and only 2—3 at.% Zr at peak aged conditions, whereas the
new alloy displays nearly opposite concentrations of Zr and Sc
(16—20% Zr and 3—7% Sc). This is due to the formation of a small Sc,
Er, Zr and Si core surrounded by a thick Zr shell (cf. Fig. 4). An
interesting feature of these precipitates is the smaller partitioning
of Si in the new alloy compared to the alloys with higher concen-
tration of Sc. This phenomenon confirms a previously ab initio
calculated site substitution energies Si inside Al3X structures [19].
The site substitution energy of Si on an Al sublattice site in Al3Sc
and AlsZr, were, respectively, estimated to be 1.33 eV and 0.66 eV. In
comparison to previous alloys, it is assumed that the lower con-
centration of Si that partition the precipitate is correlated with the
reduced concentration of Sc per nano-precipitate.

Long aging times induces homogenization of the precipitates's
concentration profiles (Fig. 4), progressively reducing the concen-
tration gradients between the core and the shell of the nano-
precipitates. This homogenization is possibly due to the afore-
mentioned Si effect on solute diffusivities inside the nano-
precipitates but also due to the large Zr concentration gradients.

5. Conclusions

The properties of a new low-Sc concentration and high-Zr con-
centration aluminum alloy, Al-0.08Zr-0.014Sc-0.008Er-0.10Si (at.%),
designed to minimize the concentration of the expensive element
scandium, while maintaining the desirable strengthening provided
by precipitation of coherent tri-aluminide L1, nanoprecipitates,
were investigated employing microhardness, electrical conductiv-
ity, compressive creep, scanning electron microscopy (SEM) and
atom-probe tomography (APT). Based on the experimental results
obtained, we conclude that reducing the cost of Al-Zr-Sc-Er-Si alloys
can be achieved by replacing the expensive element Sc by the much
less expensive element Zr; specifically, utilizing only one-quarter of
the original Sc concentration and compensating for it by increasing
the Zr concentration by a factor of four. The following conclusions
are deduced from the experimental results:

1. Isothermal aging performed between 350 and 425 °C, for times
up to six months, demonstrate that a high microhardness can be
achieved in a relatively short period of time, only 24—40 h, as
compared to >100 h for Sc-free Al-Zr alloys. An aging temper-
ature of 375 °C provides a high microhardness, while main-
taining a reasonably short aging time.

2. The new alloy displays a similar peak microhardness as the Al-
0.055S¢-0.005Er-0.02Zr-0.10Si at.% alloy when aged at 400 °C
(575 + 35 MPa). It, however, does not suffer from the rapid
coarsening of nanoprecipitates due to the high Si concentration
and remains as strong as the Si-free Al-Sc-Er-Zr alloy for at least
six months.

3. The high strength achieved is due to the high number density of
nano-precipitates that are nucleated (close to 10*> m~3), and
thus a high volume fraction is achieved (0.3—0.35%). These
(AlL,Si)3(Sc,ZrEr) (L13) nanoprecipitates display initially a core-
shell structure; the core being a mixture of Sc, Zr, Er and Si
atoms, surrounded by a shell consisting of AlsZr containing a
small amount of Sc, Er and Si. During aging, the core-shell
structure is continuously being homogenized. The mean nano-
precipitates's composition, determined by APT, demonstrates
that Zr is the main constituent and it accounts for ~20%, fol-
lowed by Sc (4%) and Er (1%).
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4, The weak partitioning of silicon to the precipitates (1—2%)
compared to our prior Sc-rich alloy (with four times more Sc) is
explained due to the smaller site substitutional energy of Si
atoms sitting on the Al sublattice of AlsZr versus AlsSc.

5. The new alloy exhibits a high threshold stress for creep
(17.5—-19.3 MPa) and very good creep resistance at 300 °C,
behaving as well as a binary Al-0.08Sc at.% alloy, which has a
much higher Sc content. The creep resistance increases as the
nano-precipitates grow during aging.

6. An apparent activation energy for precipitation of 0.66 + 0.14 eV
was determined in the rapid-growth region (before reaching
peak aging). In the coarsening regime, a temporal exponent
of —1/3 is obtained, which is consistent with diffusion-limited
coarsening.
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Appendix A

The strength increment induced by order strengthening (Aagord),
coherency and modulus mismatch strengthening (Acconh+Admod),
and Orowan dislocation looping (Acoro) are calculated employing
methodologies described in Refs. [51—53]. The expression for order
strengthening, Acqq, is given by:

1/2
A0org = 0.81M% (3%) (A1)
where M = 3.06 is the mean matrix orientation factor for Al [54],
b = 0.286 nm is the magnitude of the matrix Burgers vector [55], ¢
is the volume fraction of precipitates, and yapg = 0.5 Jm™ is an
average value of the Al3Sc anti-phase boundary (APB) energy for
the (111) plane [56—58]. The coherency strengthening Accon is
given by:

1/2
(R)e ) (A2)

3/2
A0con = Mae(GO)> (0.5Gb
where o, = 2.6 is a constant [52], G is the shear modulus of Al [55],
(R) is the mean precipitate radius, and 6 is the constrained lattice
parameter mismatch at room temperature, calculated using
Vegard's rule, and based on precipitate composition as measured by

APT (Table 3). Strengthening by modulus mismatch is given by
AGmod:

40500 = 0.005M(4G)3/2 (%) 1/Zb(%)) (sm2) (A3)

where AG = 42.5 GPa is the shear modulus mismatch between the
matrix and the Al3Sc precipitates [59], and m is a constant taken to
be 0.85 [51]. Finally, strengthening due to Orowan dislocation
looping, Acgy, is given by Ref. [53]:

2./2
(2%
04 Gb b

door =M= =

(A4)

where v = 0.345 is Poisson's ratio for Al [54]. The edge-to-edge
inter-precipitate distance 2, is taken to be the square lattice
spacing in parallel planes, which is given by Ref. [60]:

A= [1.538¢’lf2’1'643] (R (A5)
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