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Abstract

The effect of substituting 0.01 or 0.02 at.% Er for Sc in an Al–0.06 Zr–0.06 Sc at.% alloy was studied to develop cost-effective high-tem-
perature aluminum alloys for aerospace and automotive applications. Spheroidal, coherent, L12-ordered Al3(Sc, Zr, Er) precipitates with a
structure consisting of an Er-enriched core surrounded by a Sc-enriched inner shell and a Zr-enriched outer shell (core/double-shell struc-
ture) were formed after aging at 400 �C. This core/double-shell structure strengthens the alloy, and renders it coarsening resistant for at
least 64 days at 400 �C. This structure is formed due to sequential precipitation of solute elements according to their diffusivities, D, where
DEr > DSc > DZr at 400 �C. Zr and Er are effective replacements for Sc, accounting for 33 ± 1% of the total precipitate solute content in an
Al–0.06 Zr–0.04 Sc–0.02 Er at.% alloy aged at 400 �C for 64 days. Er accelerates precipitation kinetics at 400 �C, resulting in: (i) strength-
ening due to the elimination of lobed-cuboidal precipitates in favor of spheroidal precipitates; and (ii) a decrease in the incubation time for
nucleation because DEr > DSc. Finally, a two-stage aging treatment (24 h at 300 �C + 8 h at 400 �C) provides peak microhardness due to
optimization of the nanostructure.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Cast dilute Al–Zr–Sc alloys, where Sc and Zr are below
their solubility limits, are excellent candidates for certain
high-temperature automotive and aerospace applications
where cast iron and titanium alloys are currently the materi-
als of choice. Al–Zr–Sc alloys offer promising strength and
creep resistance at temperatures >300 �C, and can be pro-
duced affordably using conventional casting and heat treat-
ment [1]. Upon aging, supersaturated Al–Sc alloys form
coherent L12-ordered Al3Sc precipitates, which provide sig-
nificant strengthening to a temperature of�300 �C [2–7]. Zr
is added to Al–Sc alloys to form coarsening-resistant
Al3(ScxZr1�x) (L12) precipitates, which consist of a Sc-
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enriched core surrounded by a Zr-enriched shell [8–20].
The industrial applicability of Al–Sc alloys is limited, how-
ever, by the high cost of Sc, motivating the replacement of
as much Sc as is possible with other solute elements, such
as rare-earth (RE) elements [1,7,21–26]. The substitution
of Sc with the lower-cost RE element Er has proven effective
in maintaining the high-temperature strength, and improv-
ing the creep resistance, of Al–Sc alloys at 300 �C [21–23].
The substitution of Yb for Sc in the Al–Sc–Zr system was
found to improve the creep properties of the alloy, while
maintaining the coarsening resistance due to Zr [27]. Er is
used herein because it is the least expensive of the heavy
RE L12 precipitate formers [28], and Al3Er (L12) has the
largest lattice parameter misfit with Al (d = +4.08%) [29],
thereby improving creep resistance by enhancing elastic
interactions with dislocations [22,30].

In this article, we address the design of high-temperature
Al–Zr–Sc–Er alloys, focusing on the optimization of both
rights reserved.
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alloy composition and heat treatment. The principal design
requirements are as follows: (i) high-temperature strength
and coarsening resistance; (ii) control of precipitate coher-
ency; (iii) minimization of grain refinement, to limit diffu-
sional creep; and (iv) affordability. High-temperature
strength and control of precipitate coarsening and coher-
ency are achieved by selecting an alloy composition that
yields a large number density of nanometer-scale spheroidal
core/shell precipitates. A Zr concentration of 0.06 at.% is
chosen because it has been shown to be effective in retarding
coarsening and avoiding loss of coherency with the matrix
[31,32]. Previous work on Al–Zr–Sc alloys has shown that
a total solute concentration below �0.15 at.% results in
millimeter–diameter grains upon casting by eliminating
primary precipitates, which can inhibit grain growth after
solidification and/or during homogenization [10,18,31–
40]. Large grains minimize grain-boundary sliding, which
becomes an active creep mechanism at elevated tempera-
tures. Thus, a Sc concentration of 0.06 at.% is chosen to
provide significant precipitation hardening, while eliminat-
ing the possibility of primary precipitation and concomitant
small grain diameters. The need to control cost in Al–Zr–Sc
alloys dictates the replacement of Sc with the lower-cost Er.
Given that the solubility of Er in binary Al–Er is 0.046 at.%
at 640 �C [25], an Er concentration of no more than
0.02 at.% is studied to minimize the risk of primary
precipitation.

The optimization of both the chemical composition and
heat treatment of Al–Zr–Sc–Er alloys is performed with the
goal of developing Al alloys capable of replacing cast iron
and titanium alloys in existing automotive and aerospace
applications in the 200–400 �C temperature range. Begin-
ning with a base Al–0.06 Zr–0.06 Sc at.% alloy, the effect
of substituting 0.01 and 0.02 at.% Er for Sc on strength
and precipitate evolution is studied by microhardness, elec-
trical conductivity, atom-probe tomography (APT), scan-
ning electron microscopy (SEM) and transmission
electron microscopy (TEM).

2. Experimental

2.1. Alloy compositions and processing

A ternary and two quaternary alloys were cast, with
nominal compositions of Al–0.06 Zr–0.06 Sc, Al–0.06
Zr–0.05 Sc–0.01 Er and Al–0.06 Zr–0.04 Sc–0.02 Er at.%,
Table 1
Compositions (at.%) of the alloys investigated, as measured by direct current
(LEAP) tomography. The reported LEAP tomographic compositions are ave
given in parenthesis after the significant digit to which it applies.

Nominal Measured alloy composition (DCPMS)

Zr Sc

Al–0.06 Zr–0.06 Sc 0.052 (1) 0.067 (1)
Al–0.06 Zr–0.05 Sc–0.01 Er 0.035 (1) 0.047 (1)
Al–0.06 Zr–0.04 Sc–0.02 Er 0.035 (2) 0.042 (1)
respectively. Their compositions in the as-cast state are
given in Table 1, as measured by direct current plasma
emission spectroscopy (DCPMS) (ATI Wah Chang,
Albany, OR). The Si and Fe content of the alloys was less
than the 0.005 and 0.0025 at.% detection limit, respectively,
of the DCPMS technique.

The alloys were dilution cast from 99.999 at.% pure Al
(Alfa Aesar, Ward Hill, MA) and Al–0.9 at.% Sc, Al–
0.6 at.% Zr and Al–1.15 at.% Er master alloys. The Al–Sc
and Al–Zr master alloys were themselves dilution cast from
commercial Al–1.3 at.% Sc (Ashurst Technology, Ltd., Bal-
timore, MD), and Al–3 at.% Zr (KB Alloys, Reading, PA)
master alloys. The Al–Er master alloy was prepared by melt-
ing 99.999 at.% pure Al with 99.99 at.% Er (Stanford Mate-
rials Corporation, Aliso Viejo, CA) using non-consumable
electrode arc-melting in a gettered purified-argon atmo-
sphere (Atlantic Equipment Engineers, Bergenfield, NJ).
To create the final dilute alloys, the master alloys and
99.999 at.% pure Al were melted in flowing argon in zirco-
nia-coated alumina crucibles in a resistively heated furnace
at 850 �C. The master alloys were preheated to 640 �C to
accelerate solute dissolution and minimize solute losses from
the melt. The melt was held in a resistively heated furnace for
7 min at 850 �C, stirred vigorously, and then cast into a
graphite mold preheated to 200 �C. During solidification,
the mold was chilled by placing it on an ice-cooled copper
platen to encourage directional solidification and discourage
the formation of shrinkage cavities.

The castings were homogenized in air at 640 �C for 72 h
and then water quenched to ambient temperature. Three
separate aging studies were conducted: (i) isochronal aging
in stages of 25 �C h�1 for temperatures from 100 to 600 �C;
(ii) isothermal aging at 400 �C for times ranging from
0.5 min to 256 days (8 months); and (iii) two-stage isother-
mal aging consisting of a first heat treatment at 300 �C for
24 h followed by aging at 400 �C for times ranging from
0.5 h to 64 days. Molten salt (NaNO2–NaNO3–KNO3)
baths were used for aging durations <0.5 h to ensure rapid
heat transfer, while longer aging experiments were per-
formed in air.

2.2. Analytical techniques

The homogenized microstructure of unetched samples
polished to a 1 lm surface finish was imaged by SEM using
a Hitachi S3400N-II microscope, equipped with an Oxford
plasma emission spectroscopy (DCPMS) and local-electrode atom-probe
rages of at least two samples for each alloy. Measurement uncertainty is

Measured alloy composition (LEAP)

Er Zr Sc Er

– 0.0256 (7) 0.0685 (9) –
0.010 (1) 0.0198 (7) 0.0476 (8) 0.0038 (4)
0.019 (1) 0.0200 (7) 0.0394 (5) 0.0046 (4)



Fig. 1. SEM micrograph of the as-homogenized microstructure in (a) Al–
0.06 Zr–0.06 Sc and (b) Al–0.06 Zr–0.05 Sc–0.01 Er. Flakes of Al3Zr in (a)
are retained from the melt due to incomplete dissolution of the Al–Zr
master alloy, diminishing the matrix supersaturation of Zr. The inter-
granular Al3Er (L12) primary precipitates imaged in (b) are undesirable
because they deprive the matrix of Er, and can result in grain boundary
pinning, preventing the coarse grain structures that are favorable for creep
resistance. The approximate chemical composition of the flakes in (a) and
precipitates in (b) were confirmed by semiquantitative EDS.
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Instruments INCAx-act detector for energy-dispersive X-
ray spectroscopy (EDS). The precipitate morphology was
studied using a Hitachi 8100 transmission electron micro-
scope at 200 kV. TEM foils were prepared by grinding aged
specimens to a thickness of 100–200 lm, from which 3 mm
diameter disks were punched. These disks were thinned by
twin-jet electropolishing at �20 V DC using a Struers
TenuPol-5 with a 10 vol.% solution of perchloric acid in
methanol at �40 �C.

Precipitation in these alloys was monitored by Vickers
microhardness and electrical conductivity measurements.
Vickers microhardness measurements were performed on
a Duramin-5 microhardness tester (Struers) using a 200 g
load applied for 5 s on samples polished to a 1 lm surface
finish. Fifteen indentations were made per specimen across
several grains. Electrical conductivity measurements were
performed using a Sigmatest 2.069 eddy current instrument
(Foerster Instruments, Pittsburgh, PA) at frequencies of
120, 240, 480 and 960 kHz.

Specimens for three-dimensional (3-D) local-electrode
atom-probe (LEAP) tomography were prepared by cutting
blanks with a diamond saw to approximate dimensions of
0.35 � 0.35 � 10 mm3. These were electropolished at 8–
20 V DC using a solution of 10% perchloric acid in acetic
acid, followed by a solution of 2% perchloric acid in but-
oxyethanol at room temperature. Pulsed-laser APT was
performed with a LEAP 4000X Si X tomograph (Cameca,
Madison, WI) [41–47] at a specimen temperature of 35 K,
employing focused picosecond UV laser pulses (wave-
length = 355 nm) with a laser beam waist of <5 mm at
the e�2 diameter. A laser energy of 0.075 nJ per pulse, a
pulse repetition rate of 250 kHz, and an evaporation rate
of 0.04 ions per pulse were used. LEAP tomographic data
were analyzed with the software program IVAS 3.4.1
(Cameca). The matrix/precipitate heterophase interfaces
were delineated with Sc isoconcentration surfaces, and
compositional information was obtained with the proxim-
ity histogram methodology [48,49]. The measurement
errors for all quantities were calculated based on counting
statistics and standard error propagation techniques [50].

3. Results

3.1. As-homogenized microstructural analysis

The homogenized microstructure of the alloys consists
of columnar grains with diameters of the order of 1–
2 mm. SEM shows the presence of intragranular Al3Zr
flakes in all alloys, which are retained from the melt due
to incomplete dissolution of the Al–Zr master alloy
(Fig. 1a). The approximate composition of the flakes was
obtained by semi-quantitative EDS, i.e. without rigorous
calibration, which confirms the Al3Zr stoichiometry, and
reveals neither Er nor Sc in the flakes. These flakes were
not found in previous arc-melted Al–0.06 Zr–0.06 Sc at.%
and Al–1.0 Zr–1.0 Sc at.% alloys [31,32] due to the higher
temperatures achieved during arc-melting. The differences
between the nominal and measured Zr concentrations of
the alloys in Table 1 are a result of these Zr-rich flakes,
which are not uniformly distributed in the alloys, and
may have been excluded from the 300 mm3 of material used
for DCPMS. No Al3Zr flakes were present in the small
analysis volume of the LEAP tomographic reconstructions,
and therefore the average of the measured Zr concentra-
tions from the LEAP tomographic datasets of each alloy
(Table 1) shows the Zr available in the matrix for precipi-
tation during aging.

In the Er-containing alloys, intergranular Al3Er (L12)
primary precipitates were detected, and contained neither
Zr nor Sc, as confirmed by EDS (Fig. 1b). Primary precip-
itation in these alloys decreases strength by depleting the
matrix of solute, and, when excessive, can result in grain
refinement, reducing the resistance to diffusional creep.
The formation of primary precipitates in the homogenized
samples indicates that the Er-containing alloys exceeded
their solubility limit during solidification and homogeniza-
tion. The addition of Sc and Zr has thus decreased the
0.046 at.% solubility of Er in binary Al–Er [25]. The anal-
ysis volume of the LEAP technique is too small to detect



Table 2
Reported diffusivities of Zr, Sc and Er in Al at 300, 400 and 640 �C.

Temperature
(�C)

DZr [51] (m2 s�1) DSc [52]
(m2 s�1)

DEr [25] (m2 s�1)

300 6.4 � 10�24 9.1 � 10�20 (4 ± 2) � 10�19

400 1.2 � 10�20 2.0 � 10�17 –
640 1.0 � 10�15 6.7 � 10�14 –
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intergranular Al3Er, as was the case for the Al3Zr flakes.
The LEAP-tomographic measured compositions of Er of
0.0046 ± 0.0004 and 0.0038 ± 0.0004 at.% for Al–0.06
Zr–0.04 Sc–0.02 Er and Al–0.06 Zr–0.05 Sc–0.01 Er, are
well below the nominal values of 0.02 and 0.01 at.% Er,
respectively (Table 1). Only a fraction of the Er added to
the alloys is available for nanoscale precipitation.

Previous research on arc-melted Al–0.06 Zr–0.06 Sc and
Al–0.1 Zr–0.1 Sc at.% alloys revealed microsegregation of
both Sc and Zr in the as-cast condition using linear compo-
sition profiles obtained employing quantitative electron-
probe microanalysis (EPMA) [31,32]. The first solid to
form in dilute Al–Zr–Sc alloys is enriched in Zr, resulting
in a microstructure consisting of Zr-enriched dendrites sur-
rounded by Sc-enriched interdendritic regions. The as-cast
Al–0.06 Zr–0.06 Sc at.% alloy in the previous work showed
a Zr enrichment of �0.04 at.% Zr and a Sc depletion of
�0.01 at.% in the dendrites with respect to the average
alloy composition, while the interdendritic region was
depleted by �0.04 at.% Zr and enriched by �0.02 at.% Sc
[31,32]. Microsegregation is expected in the present alloys,
though to a lesser extent than in the previous Al–0.06 Zr–
0.06 Sc and Al–0.1 Zr–0.1 Sc alloys, because the incomplete
dissolution of the Al–Zr master alloy diminishes the effec-
tive Zr alloy concentration to 0.02–0.03 at.% (Table 1).

The degree of solute microsegregation in the present
research is also diminished by homogenization at 640 �C
for 72 h, which was not performed in prior work on Al–
0.06 Zr–0.06 Sc due to concerns about primary precipita-
tion of Al3Zr [31]. In a similar study on Al–0.06 Sc, the
microsegregation of Sc was completely eliminated by
homogenization at 640 �C for 28 h [31]. Given that the dif-
fusivity of Zr in Al, 1.0 � 10�15 m2 s�1 [51], is significantly
smaller than that of Sc in Al, 6.7 � 10�14 m2 s�1 [52], at
640 �C (Table 2), homogenization of Zr requires heat-treat-
ment durations that are impractically long. In summary,
the effective Zr and Er concentrations of the alloys are
smaller than their nominal values due to incomplete disso-
lution of the Al–Zr master alloy, and the formation of
intergranular primary Al3Er (L12) precipitates. In the fol-
lowing, we use the nominal compositions to label the
alloys.

3.2. Isochronal aging

The precipitation behavior of the ternary and quaternary
alloys during isochronal aging in stages of 25 �C h�1 is dis-
played in Fig. 2, as monitored by Vickers microhardness
and electrical conductivity. In Al–0.06 Zr–0.06 Sc, precipita-
tion commences at 300 �C, as reflected by a sharp increase in
the microhardness and electrical conductivity. The microh-
ardness peaks for the first time at 350 �C and achieves a value
of 582 ± 5 MPa, before decreasing to 543 ± 16 MPa at
400 �C. The microhardness increases again at 425 �C,
achieving a second peak of 597 ± 16 MPa at 450 �C. The
electrical conductivity increases continuously from 300 to
375 �C, before reaching a plateau at values of 33.94 ± 0.09
and 33.99 ± 0.09 MS m�1 for 375 and 400 �C. At 425 �C,
the electrical conductivity increases to 34.75 ± 0.10 MS m
�1, reaching a peak of 34.92 ± 0.11 MS m�1 at 450 �C.
Above 450 �C, both microhardness and electrical conductiv-
ity decrease quickly due to precipitate dissolution.

The first peak in the microhardness of Al–0.06 Zr–0.06
Sc at 325 �C occurs at the same temperature as the peak
microhardness in recent studies of Al–0.06 Sc and Al–0.1
Sc alloys aged isochronally for 3 h for every 25 �C increase
[31,32]. As such, the first peak in the microhardness we
observe can be attributed to the precipitation of Al3Sc.
The second peak in the microhardness at 450 �C occurs
at the same temperature as was previously found to pro-
duce a peak in the microhardness of an Al–0.1 Zr alloy
aged isochronally for 3 h for every 25 �C increase [32].
The peak microhardness in an Al–0.06 Zr alloy was found
to occur at 475 �C for samples aged isochronally for 3 h for
every 25 �C increase [31]. The second peak in the microh-
ardness is thus due to precipitation of Zr from the matrix.
Previously studied Al–0.06 Zr–0.06 Sc and Al–0.1 Zr–0.1
Sc alloys aged isochronally for 3 h for every 25 �C increase
were found to have only one peak in the microhardness,
occurring at 400 �C [32]. The detection of only one peak
in the microhardness was probably due to the smaller tem-
poral resolution used in the previous studies, compared to
the isochronal aging of 1 h for every 25 �C we employed.

The peak microhardness of the Er-containing alloys is
smaller than that observed in Al–0.06 Zr–0.06 Sc. These
results are consistent with isochronal microhardness results
from Al–0.12 Sc and Al–0.9 Sc–0.03 Er alloys [53], where it
was reasoned that the decrease in strength with the addi-
tion of Er was a result of solute consumption by primary
precipitates, such as those in Fig. 1a. Nanoscale precipita-
tion in the Er-containing alloys, as evidenced by increases
in microhardness and conductivity, begins at temperatures
as low as 200 �C, which is consistent with prior results on
Al–Sc–Er alloys [53]. The microhardness values of the Er-
containing alloys achieve plateaux between 325 and
450 �C. Beyond 450 �C, both microhardness and electrical
conductivity decrease rapidly due to precipitate dissolu-
tion, as observed in Al–0.06 Zr–0.06 Sc. The electrical
conductivity of homogenized Al–0.06 Zr–0.06 Sc of
31.5 ± 0.2 MS m�1 is significantly smaller than the values
of 32.6 ± 0.2 and 33.0 ± 0.2 MS m�1 for Al–0.06 Zr–0.05
Sc–0.01 Er and Al–0.06 Zr–0.04 Sc–0.02 Er, respectively.
This is a result of primary precipitation of Al3Er (L12) in
the Er-containing alloys, which deprives the matrix of sol-
ute and increases the electrical conductivity.



Fig. 2. Evolution of the Vickers microhardness and electrical conductivity
during isochronal aging in stages of 25 �C h�1 for Al–0.06 Zr–0.06 Sc, Al–
0.06 Zr–0.05 Sc–0.01 Er and Al–0.06 Zr–0.04 Sc–0.02 Er.
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The nanostructures of Al–0.06 Zr–0.06 Sc and Al–0.06
Zr–0.04 Sc–0.02 Er aged isochronally to peak strength at
450 �C, and obtained from LEAP tomography, are dis-
played in Fig. 3. The Al–0.06 Zr–0.06 Sc alloy (Fig. 3a),
has a number density of precipitates, Nv, of 2.1 ± 0.2 �
1022 m�3, with an average radius, hRi, of 3.1 ± 0.4 nm,
Fig. 3. Atom-probe tomographic reconstructions of samples aged isochronally
0.06 Sc and (b) Al–0.06 Zr–0.04 Sc–0.02 Er. Sc atoms are displayed in red, Z
clarity. (For interpretation of the references to colour in this figure legend, th
and a volume fraction, /, of 0.251 ± 0.002% (Table 3).
The number density in Al–0.06 Zr–0.04 Sc–0.02 Er is
smaller, 8.6 ± 1.5 � 1021 m�3, with average radius and vol-
ume fraction values of 3.4 ± 0.6 nm and 0.157 ± 0.003%,
respectively. The number density and volume fraction of
precipitates are smaller in the Er-containing alloy because
the matrix solute supersaturation is smaller due to primary
precipitation of Er during solidification and homogeniza-
tion (Fig. 1). The concentration profiles across the
matrix/precipitate interface obtained from the LEAP
tomographic results (Fig. 3) are displayed in Fig. 4. As
anticipated from previous results on similar alloys [8–16],
the precipitates in Al–0.06 Zr–0.06 Sc consist of a Sc-
enriched core surrounded by a Zr-enriched shell, with an
average precipitate composition of 71.95 ± 0.10 at.% Al,
5.42 ± 0.05 at.% Zr and 22.63 ± 0.09 at.% Sc (Table 4).
The precipitates in Al–0.06 Zr–0.04 Sc–0.02 Er consist of
an Er-enriched core surrounded by a Sc-enriched inner
shell and a Zr-enriched outer shell, with an average precip-
itate composition of 73.27 ± 0.15 at.% Al, 5.01 ± 0.07 at.%
Zr, 18.96 ± 0.13 at.% Sc and 2.75 ± 0.05 at.% Er.

3.3. Isothermal aging at 400 �C

The precipitation behavior of the alloys during isother-
mal aging at 400 �C for aging times from 0.5 min to
256 days, as monitored by Vickers microhardness and elec-
trical conductivity, is displayed in Fig. 5. The Vickers
microhardness of Al–0.06 Zr–0.06 Sc does not increase sig-
nificantly over the full range of aging times, which is sur-
prising given the strengths achieved by isochronal aging
(see Fig. 2) and in earlier research [31]. The electrical con-
ductivity of Al–0.06 Zr–0.06 Sc remains unchanged over
the first 0.5 h of aging at 400 �C, before increasing steadily
over the subsequent 64 days. Small strengths in dilute
Al–Sc alloys with Sc concentrations of 0.06–0.07 at.% have
been observed previously to be a result of inadequate solute
supersaturation, resulting in a small number density of
larger precipitates, which do not strengthen the material
in 25 �C h�1 stages to 450 �C, displaying precipitates for (a) Al–0.06 Zr–
r atoms are in green, Er atoms are in blue, and Al atoms are omitted for
e reader is referred to the web version of this article.)



Table 3
Precipitate number density, Nv, mean radius, hRi, volume fraction, /, and Vickers microhardness, HV, for alloys aged isochronally to 450 �C (in stages
of 25 �C h�1), or isothermally at 400 �C.

Alloy Nv (�1022 m�3) hRi (nm) / (%) HV (MPa)

Al–0.06 Zr–0.06 Sc (isochronal to 450 �C) 2.1 ± 0.2 3.1 ± 0.4 0.251 ± 0.002 597 ± 12
Al–0.06 Zr–0.04 Sc–0.02 Er (isochronal to 450 �C) 0.86 ± 0.15 3.4 ± 0.6 0.157 ± 0.003 463 ± 16
Al–0.06 Zr–0.04 Sc–0.02 Er (0.5 h isothermal at 400 �C) 0.54 ± 0.17 3.7 ± 0.3 0.144 ± 0.006 414 ± 11
Al–0.06 Zr–0.04 Sc–0.02 Er (64 days isothermal at 400 �C) 0.61 ± 0.19 3.8 ± 0.4 0.207 ± 0.007 448 ± 21

Fig. 4. Concentration profiles across the matrix/precipitate interface
following isochronal aging to 450 �C in stages of 25 �C h�1 for (a) Al–0.06
Zr–0.06 Sc, exhibiting Zr enrichment near the interface, and (b) Al–0.06
Zr–0.04 Sc–0.02 Er, further exhibiting Er enrichment at the precipitate
core. The inset images in (a and b) are APT reconstructions of a
representative precipitate from each alloy. Sc atoms are shown in red, Zr
atoms are in green, Er atoms are in blue, and the Al atoms are omitted for
clarity. (For interpretation of the references to colour in this figure legend,
the reader is referred to the web version of this article.)
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significantly [2,14]. The size and the morphology of the pre-
cipitates in Al–0.06 Zr–0.06 Sc aged for 24 h at 400 �C are
presented in the TEM micrograph shown in Fig. 6. The
precipitates, which have large radii, of the order of
50 nm, have a non-equilibrium lobed-cuboidal morphol-
ogy. This morphology is due to growth instabilities that
accommodate the anisotropy of the elastic constants of
the matrix and the precipitates [2,14] (Section 4.3).

The microhardness values of the two Er-containing
alloys during isothermal aging at 400 �C are comparable
over the full range of aging times. Both alloys exhibit a
microhardness increase after 0.5 min, with a concomitant
increase in the electrical conductivity. After 0.5 h of aging,
the microhardness values of Al–0.06 Zr–0.05 Sc–0.01 Er
and Al–0.06 Zr–0.04 Sc–0.02 Er are 422 ± 12 and
414 ± 11 MPa, respectively. This is in dramatic contrast
to the Er-free alloy, whose microhardness does not increase
beyond the homogenized value of 199 ± 14 MPa after
0.5 h, and achieves a peak microhardness of only
243 ± 3 MPa after 8 days at 400 �C. By contrast, the
microhardness of Al–0.06 Zr–0.05 Sc–0.01 Er peaks at a
value of 461 ± 15 MPa after 2 days, and diminishes slightly
to 438 ± 21 MPa after 64 days of aging at 400 �C. The Al–
0.06 Zr–0.04 Sc–0.02 Er alloy has a maximum microhard-
ness of 451 ± 11 MPa after 1 day of aging, and has the
same microhardness, within uncertainty, of 448 ± 21 MPa
after 64 days at 400 �C. The microhardness values of the
Er-containing alloys decrease for aging times of 128 and
256 days due to precipitate coarsening. The electrical con-
ductivities of the Er-containing alloys increase steadily over
the first 1–2 days, as precipitation proceeds. Between 2 and
64 days, the electrical conductivities of both alloys achieve
plateaus, indicating that the majority of the available solute
has precipitated out of solution. The electrical conductivi-
ties of the alloys increase slightly after 128 and 256 days
of aging, as the alloys continue to slowly approach
equilibrium.

The nanostructures of Al–0.06 Zr–0.04 Sc–0.02 Er aged
isothermally for 0.5 h and 64 days at 400 �C are compared
employing LEAP tomography in Fig. 7. From the LEAP
tomographic images, and the associated concentration pro-
files (Fig. 8), it is clear that the precipitates consist of an Er-
enriched core surrounded by a Sc-enriched shell after 0.5 h of
aging. After 0.5 h of aging, Al–0.06 Zr–0.04 Sc–0.02 Er has a
number density of precipitates of 5.4 ± 1.7 � 1021 m�3, with
an average radius of 3.7 ± 0.3 nm, and a volume fraction of
0.144 ± 0.006% (Table 3). The number density of
6.1 ± 1.9 � 1021 m�3 and the radius of 3.8 ± 0.4 nm are
unchanged, within uncertainty, after 64 days at 400 �C,
although the volume fraction increases to 0.207 ± 0.007%.

After 0.5 h of aging at 400 �C, the precipitates in Al–
0.06 Zr–0.04 Sc–0.02 Er consist of an Er-enriched core sur-
rounded by a Sc-enriched shell structure with an average
precipitate composition of 73.02 ± 0.20 at.% Al,
0.64 ± 0.04 at.% Zr, 22.25 ± 0.19 at.% Sc and 4.08 ± 0.09
at.% Er at.% (Table 4). The average precipitate composi-
tion after 64 days at 400 �C, 70.46 ± 0.22 at.% Al, 6.55 ±



Table 4
Compositions of the precipitates and matrix in alloys aged isochronally to 450 �C (in stages of 25 �C h�1) or isothermally at 400 �C.

Alloy Precipitate composition (at.%) Matrix composition (at. ppm)

Al Zr Sc Er Zr Sc Er

Al–0.06 Zr–0.06 Sc (isochronal to 450 �C) 71.95 ± 0.10 5.42 ± 0.05 22.63 ± 0.09 – 127 ± 5 159 ± 4 –
Al–0.06 Zr–0.04 Sc–0.02 Er (isochronal to 450 �C) 73.27 ± 0.15 5.01 ± 0.07 18.96 ± 0.13 2.75 ± 0.05 133 ± 9 168 ± 7 9 ± 4
Al–0.06 Zr–0.04 Sc–0.02 Er (0.5 h isothermal at 400 �C) 73.02 ± 0.20 0.64 ± 0.04 22.25 ± 0.19 4.08 ± 0.09 167 ± 14 70 ± 6 0 ± 8
Al–0.06 Zr–0.04 Sc–0.02 Er (64 days isothermal at 400 �C) 70.46 ± 0.22 6.55 ± 0.12 19.75 ± 0.19 3.24 ± 0.09 35 ± 15 25 ± 6 13 ± 9

Fig. 5. Evolution of the Vickers microhardness and electrical conductivity
during isothermal aging at 400 �C for Al–0.06 Zr–0.06 Sc, Al–0.06 Zr–0.05
Sc–0.01 Er and Al–0.06 Zr–0.04 Sc–0.02 Er.

Fig. 6. Superlattice dark-field transmission electron microscopy image of
Al3(Sc,Zr) (L12) precipitates in Al–0.06 Zr–0.06 Sc aged isothermally at
400 �C for 24 h imaged along the [2 1 0] zone axis using the 1 �2 0 reflection.
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0.12 at.% Zr, 19.75 ± 0.19 at.% Sc, 3.24 ± 0.09 at.% Er,
reflects the precipitation of the Zr-enriched outer shell,
which renders the precipitates coarsening resistant. The
matrix is depleted of Sc and Zr as precipitation proceeds,
as evidenced by decreases in the Zr concentration from
167 ± 14 to 35 ± 15 at. ppm, and in Sc from 70 ± 6 to
25 ± 6 at. ppm between 0.5 h and 64 days.

The precipitation behavior of the three alloys exhibits
three distinct stages of development at 400 �C (Fig. 5). In
the Er-containing alloys, a short incubation period of
0.5 min is followed by a rapid increase in the microhard-
ness and electrical conductivity over the first hour, associ-
ated with the precipitation of Er and Sc (Fig. 7a), which
is followed by a slower increase in conductivity due to
the precipitation of Zr (Fig. 7b). In Al–0.06 Zr–0.06 Sc,
the incubation period of 0.5 h is followed by a rapid
increase in the electrical conductivity from 0.5 to 24 h as
Sc precipitates from solution, followed by a slow second
increase in the conductivity due to precipitation of Zr.

3.4. Two-stage (24 h at 300 �C + 400 �C) isothermal aging

A two-stage heat treatment was performed: (i) to
improve the microhardness of Al–0.06 Zr–0.06 Sc at
400 �C; and (ii) to optimize the nanostructure, and hence
the microhardness, of the Er-containing alloys. The first
stage of the heat treatment was performed at 300 �C for
24 h—an aging treatment that has been shown to produce
peak microhardness in Al–0.06 at.% Sc alloys with and
without 0.02 at.% RE additions [2,23,24,34]. The objective
of this first stage is to precipitate the Er and Sc atoms from
solution at a temperature as low as practical, maximizing
the solute supersaturation, and hence the number density
of precipitates. Zr is essentially immobile in Al at 300 �C
over a period of 24 h, with a root-mean-square (RMS) dif-
fusion distance,

ffiffiffiffiffiffiffiffi
4Dt
p

, of 1.5 nm, as compared to RMS dif-
fusion distances of 56 and 372 ± 186 nm for Sc and Er,
respectively, where D is the diffusivity: the values of D

are given in Table 2. The second stage of the heat treat-
ment, designed to precipitate Zr, was performed at
400 �C for aging times ranging from 0.5 h to 64 days. At
400 �C, the Zr RMS diffusion distance after 24 h is
64 nm, comparable to the Sc RMS diffusion distance of



Fig. 7. Atom-probe tomographic reconstructions of Al–0.06 Zr–0.04 Sc–0.02 Er samples aged isothermally at 400 �C for (a) 0.5 h, with core/shell
precipitates and (b) 64 days, with core/double-shell precipitates. Sc atoms are shown in red, Zr atoms are green, Er atoms are in blue, and the Al atoms are
omitted for clarity. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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56 nm in 24 h at 300 �C. The precipitation response during
the second stage, as monitored by the Vickers microhard-
ness and electrical conductivity, is displayed in Fig. 9.

The microhardness of Al–0.06 Zr–0.06 Sc following the
two-stage 300/400 �C heat treatment (Fig. 9), is significantly
improved compared to the values measured for the single
isothermal aging at 400 �C (Fig. 5). After 24 h at 300 �C,
the microhardness of Al–0.06 Zr–0.06 Sc is 523 ± 7 MPa,
compared to 236 ± 3 MPa after 24 h at 400 �C (Fig. 5).
The aging treatment at 300 �C provides sufficient solute
supersaturation to precipitate a significant number density
(1021–1022 m�3), of spheroidal precipitates, such as those
obtained during isochronal aging (Fig. 3). Following a sec-
ond heat treatment of 8 h at 400 �C, the microhardness
achieves a maximum value of 561 ± 14 MPa, and decreases
only slightly to 533 ± 31 MPa after 64 days at 400 �C.

The Er-containing alloys achieve peak microhardness
after 8 h of aging at 400 �C, with values of 507 ± 11 and
489 ± 11 MPa for Al–0.06 Zr–0.05 Sc–0.01 Er and Al–
0.06 Zr–0.04 Sc–0.02 Er, respectively. These peak values
are larger than those achieved in single-stage isothermal
aging at 400 �C (461 ± 15 and 451 ± 11 MPa). The Er-con-
taining alloys that underwent two-stage aging experience
only a slight decrease in microhardness after 64 days at
400 �C, from 507 ± 11 to 464 ± 23 MPa for Al–0.06 Zr–
0.05 Sc–0.01 Er, and from 489 ± 11 to 458 ± 19 MPa for
Al–0.06 Zr–0.04 Sc–0.02 Er.

4. Discussion

4.1. Origins and stability of the core/double-shell structure

Core/double-shell precipitates were previously found in
an Al–6.3 Li–0.069 Sc–0.018 Yb alloy aged in two steps
from the homogenized state: (i) at 325 �C for 8 h; and (ii)
at 170 �C for 1 week [54,55]. The precipitate nanostructure
was formed by selecting alloying elements with disparate
solubilities and diffusivities in Al, i.e., DLi > DYb > DSc.
The 325 �C aging treatment produced precipitates with a
core enriched in the faster-diffusing Yb, and a shell
enriched in the slower-diffusing Sc. Lithium replaced some
of the Yb and Sc in the core/shell precipitates, though most
of the Li remained in solution due to its high solubility in
Al at 325 �C. The second aging treatment at 170 �C
resulted in heterogeneous precipitation of the highly mobile
Li as a second shell with nearly stoichiometric Al3Li (L12)
on some of the original core/shell precipitates. The strategy
employed in the Al–Li–Sc–Yb system of precipitating Yb
and Sc at a higher temperature, and then Li at a lower tem-
perature, differs from that in the present work, where a
core/double-shell structure was formed during (i) isother-
mal aging at 400 �C or (ii) during two-stage aging (24 h
at 300 �C + 400 �C) where Er and Sc precipitate at
300 �C and Zr precipitates at 400 �C.

A two-stage aging procedure was used in previous
research to form Al3Li (L12) shells at 190 �C on
Al3(ZrxSc1�x) (L12) cores nucleated at 450 �C in an Al–
6.3 Li–0.36 Sc–0.13 Zr at.% [56]. The resulting nanostruc-
ture exhibited Zr segregation between the Sc-enriched core
and the outer Li-enriched shell, which was too weak to
qualify as an independent shell. In other research, isother-
mal aging at 300 �C in Al–0.02 Zr–0.06 Sc–0.02 Yb and Al–
0.005 Zr–0.06 Sc–0.02 Yb at.% alloys resulted in the pre-
cipitation of a Sc- and Yb-enriched core with a uniform
distribution of both elements, with Zr segregation outside
of the core that did not qualify as a shell [27]. The addition
of Zr to the Al–Sc–Yb system decelerated the precipitation
of Yb, resulting in simultaneous precipitation of Sc and
Yb, followed by the gradual segregation of Zr to the out-
side of the precipitates.



Fig. 8. Concentration profiles across the matrix/precipitate interface for
Al–0.06 Zr–0.04 Sc–0.02 Er samples aged isothermally at 400 �C for (a)
0.5 h, with precipitates showing an Er-enriched core and a Sc-rich shell
and (b) 64 days, with precipitates showing an Er-enriched core, an inner
Sc-enriched shell and an outer Zr-enriched shell. The inset images in (a
and b) are APT reconstructions of a representative precipitate from each
alloy. Sc atoms are displayed in red, Zr atoms are in green, Er atoms are in
blue, and the Al atoms are omitted for clarity. (For interpretation of the
references to colour in this figure legend, the reader is referred to the web
version of this article.)

Fig. 9. Temporal evolution of the Vickers microhardness and electrical
conductivity during isothermal aging at 400 �C for Al–0.06 Zr–0.06 Sc,
Al–0.06 Zr–0.05 Sc–0.01 Er and Al–0.06 Zr–0.04 Sc–0.02 Er previously
aged 24 h at 300 �C.
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In the alloys studied here, where DEr > DSc > DZr, the
core/double-shell structure is anticipated, given the relative
magnitudes of the solute diffusivities. The stability of this
structure, however, is determined by thermodynamics, in
particular the total interfacial energy between the core,
shells and matrix, the reduction of which provides the driv-
ing force for coarsening. Recent first-principles results have
shown that the total interfacial energy of the Al–Zr–Sc–Er
system is minimized by the formation of the core/double-
shell structure [57]. Of the three simulated {1 0 0} outer-
shell interfacial structures, a-Al/Al3Zr (L12), a-Al/Al3Sc
(L12) and a-Al/Al3Er (L12), the former has the lowest
interfacial energy, 128 mJ m�2, while the latter two have
energies of 171 and 312 mJ m�2, respectively. As such,
the outer shell is enriched in Zr (Figs. 4 and 8). The inner
shell is enriched in Sc because Al3Zr (L12)/Al3Sc (L12)
has a lower interfacial energy of 115 mJ m�2 than that of
234 mJ m�2 for Al3Zr (L12)/Al3Er (L12). The core/dou-
ble-shell structure is therefore favored kinetically and
thermodynamically, translating into coarsening resistance
for 64 days at 400 �C or 0.72Tm (Tm is the absolute melting
point of Al, 933.52 K).

4.2. Role of Er in precipitation kinetics

The hardening responses of the isochronally and iso-
thermally aged alloys demonstrate that the addition of Er
alters the kinetic pathways that lead to phase decomposi-
tion in Al–Zr–Sc. The addition of Er decreases the temper-
ature at which precipitation commences in isochronal aging
from 300 to 200 �C (Fig. 2), and decreases the time for pre-
cipitation initiation in isothermal aging at 400 �C, from
0.5 h to 0.5 min (Fig. 5). The addition of Er also alters
the dimensions and morphology of the precipitates formed
during aging at 400 �C, from lobed-cuboids with dimen-
sions on the order of 100 nm (Fig. 6) to spheroids with radii
on the order of 3–4 nm (Fig. 7). These changes are partic-
ularly remarkable given that only 46 ± 2 at. ppm Er is
available in the matrix to participate in strengthening pre-
cipitation in these alloys (see Section 3.1).

The addition of Er decreases the incubation time for
precipitation during isothermal aging and decreases the
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temperature at which precipitation commences in isochro-
nal aging. Similar effects have been observed in prior stud-
ies of Al–Sc alloys with the RE element additions of Er,
Yb, Gd, Ho, Lu, Tm, Tb [23–25,53,58]. Within the frame-
work of classical nucleation theory [59–63], and following
the analysis in Ref. [24], these results are consistent with:
(i) a smaller a-Al/precipitate interfacial free-energy, ca/a0;
(ii) a larger excess chemical free-energy and/or a smaller
coherent elastic strain energy; and (iii) a larger diffusivity
of the precipitating solute species.

The thermodynamic and kinetic data available for these
alloys is limited, so classical nucleation theory can only
provide a qualitative understanding of the role of Er in
the acceleration of the precipitation kinetics. In a recent
study of the coarsening kinetics of an Al–0.06 Sc–0.02 Er
alloy at 300 �C, which formed an Er-enriched core/Sc-
enriched shell structure similar to the one in Fig. 7a, the
a-Al/Al3(Scx,Er1�x) (L12) interfacial free energy was deter-
mined to be 0.5 ± 0.2 J m�2 [21]. This value is larger than
that in the binary Al–Sc system, for which values of
0.14–0.20 J m�2 [64–66] were calculated for a-Al/Al3Sc
(L12), and values of �0.22 J m�2 were measured from
coarsening and electrical resistivity data [67]. We note that
the a-Al/Al3Er (L12) interfacial free energy was calculated
to be 0.4 ± 0.2 J m�2 in an Al–0.045 Er at.% alloy aged at
300 �C [25]. Thus, if the incubation time is determined pri-
marily by the interfacial free energy, the Er-containing
alloys studied would have longer incubation periods than
Al–0.06 Zr–0.06 Sc, whereas the opposite is observed.
Thus, a change in the interfacial free energy due to the
addition of Er is not responsible for the accelerated precip-
itation kinetics observed in the present Al–Zr–Sc–Er alloys.

The chemical formation energies of Al3Sc (L12) and
Al3Er (L12) are comparable, with values of �43.5 to
�50 kJ mol�1 [65,68–71] and �40 kJ mol�1 [72], respec-
tively. The chemical driving force of Al–0.06 Zr–0.04 Sc–
0.02 Er, however, is smaller than that of Al–0.06 Zr–0.06
Sc, since the solute content in the former is lower because
only 0.0046 ± 0.0004 at.% Er is available for precipitation
(Table 1). The elastic strain energy is expected to be larger
in the Er-containing alloys, given that the lattice mismatch
parameter d with Al is larger for Al3Er (L12) (d = +4.08%
at ambient temperature [29]) than for Al3Sc (L12)
(d = +1.32% at ambient temperature [73]). As such, the
total change in free energy associated with nucleation is
expected to be larger for Al–0.06 Zr–0.06 Sc than for Al–
0.06 Zr–0.04 Sc–0.02 Er, leading to shorter incubation
times, though the opposite is observed. Thus, a change in
the total free energy upon nucleation due to the addition
of Er is not responsible for the acceleration in
precipitation.

Given that the total free energy for nucleation is smaller,
and the interfacial energy larger, in the Er-containing
alloys, the shorter incubation times and precipitation at
lower temperatures must be due exclusively to an increase
in the diffusivity of the precipitating species. Indeed, the dif-
fusivity of Er, DEr = 4 ± 2 � 10�19 m2 s�1, as determined
from Al3Er (L12) coarsening experiments in an Al–0.045
at.% Er alloy at 300 �C [25], is significantly larger than that
of Sc, DSc = 9.1 � 10�20 m2 s�1 at 300 �C [52]. No diffusion
data is available for Er in Al at 400 �C, though the diffusiv-
ity of Er in Al likely remains higher than that of Sc at
400 �C.

4.3. Precipitate morphology

The equilibrium morphology of Al3Sc (L12) precipitates
that nucleate and grow from a supersaturated Al–Sc solid
solution was determined to be a great rhombicuboctahe-
dron, with 8 {1 1 1}, 12 {1 1 0} and 6 {1 0 0} facets
[2,65]. The addition of Zr in an Al–0.09 Sc–0.047 Zr alloy
aged at 300 �C did not alter the morphology significantly,
as the precipitates were found to have facets parallel to
the {1 0 0} and {1 1 0} planes [13,14]. Spheroidal precipi-
tates were, however, found in the Al–0.09 Sc–0.047 Zr alloy
aged at 350 �C [13,14]. The formation of an outer Zr-
enriched shell at 350 �C decreased the value of the a-Al/
Al3(ZrxSc1�x) {1 1 1} and {1 1 0} interfacial free energies
to values closer to that of the {1 0 0} facets [13,14], favor-
ing the formation of spheroidal precipitates. As such, a
spheroidal equilibrium precipitate morphology (see Figs.
3 and 7) is expected in this research due to precipitation
of the Zr-enriched outer shell (Figs. 4 and 8).

The non-equilibrium lobed-cuboidal precipitate mor-
phology (Fig. 6) has been observed previously in dilute
Al–Sc alloys to be a result of an inadequate solute supersat-
uration [2,14]. Marquis et al. surmised that at low supersat-
urations, the number density of precipitates is sufficiently
small so that precipitate growth occurs in a supersaturated
matrix before the precipitate diffusion fields commence
overlapping [2]. This results in a morphology that is deter-
mined by the growth conditions, not the equilibrium ther-
modynamic conditions. The specific lobed cuboidal
morphology we observed was predicted by Lee for L12 pre-
cipitates in Ni-based superalloys, employing the discrete
atom method [74]. Lee determined that the lobed cuboidal
morphology occurs when the elastically soft direction of
the matrix is parallel to the hard direction of the precipi-
tate. In the Al–Sc system, the elastic strain energy is relaxed
by elongation of the precipitates along their elastically soft
h1 1 0i directions, while remaining truncated in the elasti-
cally soft h1 0 0i directions of the matrix [75]. The anisot-
ropy of the elastic constants of the matrix and the
precipitates leads to a 2- or 4-fold symmetrical shape of
precipitates, with possible splitting parallel to the {1 0 0}
planes, as observed here and in prior work on low-super-
saturation Al–Sc alloys [2,14].

The replacement of 200 at. ppm Sc with 46 ± 2 at. ppm
Er in Al–0.06 Zr–0.06 Sc results in a radical change in
the precipitate morphology, number density and average
radius for alloys aged at 400 �C (Figs. 6 and 7). The accel-
eration in the precipitation kinetics due to the addition of
Er leads to the nucleation of a larger number density of
smaller spheroidal precipitates after 0.5 h at 400 �C



Table 5
Experimental (DHV/3) and calculated strength increments (Eqs. (1A)–(4A)). For all four peak-aged alloys, the Orowan bypass strengthening mechanism
(Eq. (4A)) is predicted to be controlling.

Alloy DHV/3
(MPa)

Drord (MPa)
(Eq. (1A))

Drcoh + Drmod (MPa)
(Eqs. (2A) and (3A))

DrOr (MPa)
(Eq. (4A))

Al–0.06 Zr–0.06 Sc (isochronal to 450 �C) 133 ± 4 118 ± 1 165 ± 5 112 ± 20
Al–0.06 Zr–0.04 Sc–0.02 Er

(isochronal to 450 �C)
81 ± 6 93 ± 1 135 ± 7 82 ± 24

Al–0.06 Zr–0.04 Sc–0.02 Er
(0.5 h isothermal at 400 �C)

72 ± 4 89 ± 2 133 ± 3 74 ± 9

Al–0.06 Zr–0.04 Sc–0.02 Er
(64 days isothermal at 400 �C)

76 ± 7 104 ± 2 156 ± 4 86 ± 13
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(Fig. 7a), which experience minimal growth and coarsening
as aging proceeds (Fig. 7b and Table 3). In Al–0.06 Zr–0.06
Sc, such a structure is achieved during isochronal aging
(Fig. 3a), where nucleation begins at �300 �C (Fig. 2). Dur-
ing isothermal aging at 400 �C, the Er-free alloy forms a
small number density of precipitates due to the lower
supersaturation at a higher temperature, and the precipi-
tates adopt the lobed-cuboidal morphology as they grow.

4.4. Compositional evolution

The temporal evolution of the compositions of the matrix
and precipitate phases in Al–0.06 Zr–0.04 Sc–0.02 Er at
400 �C provides insight into the kinetic pathways of precip-
itation in the Al–Zr–Sc–Er alloy system. The matrix is
depleted of Sc and Zr between 0.5 h and 64 days as evidenced
by decreases in the Zr concentration from 167 ± 14 to
35 ± 15 at. ppm, and in Sc from 70 ± 6 to 25 ± 6 at. ppm.
The change in the Er concentration in the matrix from
0 ± 8 and 13 ± 9 at. ppm Er is statistically insignificant,
meaning that all of the Er has precipitated out of solution
after 0.5 h—another indication of the rapid precipitation
kinetics of Er in these alloys. The matrix composition of
Al–0.06 Zr–0.04 Sc–0.02 Er after 64 days at 400 �C of
35 ± 15 at. ppm Zr, 25 ± 6 at. ppm Sc and 13 ± 9 at. ppm
Er is a measured upper bound for the matrix solubility at
400 �C. The total measured matrix solute solubility of
73 ± 18 at. ppm is comparable to the solubility of
100 at. ppm Sc in Al–Sc [73,76], and significantly larger than
that of 5 at. ppm Zr in Al–Zr [77], or of�0 at. ppm Er in bin-
ary Al–Er [78]—all at 400 �C. The average precipitate com-
position after 64 days at 400 �C of 70.46 ± 0.22 at.% Al,
6.55 ± 0.12 at.% Zr, 19.75 ± 0.19 at.% Sc, 3.24 ± 0.09 at.%
Er demonstrates that Zr and Er are effective substitutes for
Sc in the precipitates, accounting for one-third (33 ± 1%)
of the total solute concentration of the precipitates.

4.5. Strengthening mechanisms

There is no evidence of a loss of precipitate coherency,
such as rapid over-aging, in the peak-aged alloys, so mod-
els for ambient-temperature strengthening by coherent pre-
cipitates apply. The coherency of Al3Sc (L12) precipitates
in binary alloys is maintained for radii ranging from 14
to 25 nm at elevated temperatures [2,5,67,79–83]. The
addition of Er, however, which increases the lattice param-
eter misfit of Al3(Sc,Er) (L12), is anticipated to decrease
the radius at which coherency is lost, though coherency
was maintained to a radius of 8 ± 2 nm in an Al–0.06
Sc–0.02 Er alloy aged at 300 �C for 64 days [21]. By con-
trast, the Zr shell that surrounds the precipitates in the
alloys studied increases the radius at which coherency is
lost by decreasing the lattice parameter misfit [13,84,85].
As such, coherency loss is very improbable in the alloys
we studied, where precipitate radii are of the order of
3–4 nm.

To determine the operating precipitate-strengthening
mechanisms, the strength increments for order strengthen-
ing (Drord), coherency and modulus strengthening
(Drcoh + Drmod), or strengthening by the Orowan bypass
mechanism (DrOr), are calculated employing the same
methodology as in Refs. [3,24,32,34] and are listed in Table
5: the equations are given in the Appendix. The predicted
strengthening increments are compared to the measured
strength increment, estimated as DHV/3 [86], where DHV
is the increase in microhardness from the as-quenched state
to the aged state. Following the research referenced above,
we take the strengthening increment due to precipitate
shearing as the larger of (a) the sum of modulus strength-
ening and coherency strengthening, or (b) the order
strengthening. This is because the mechanisms in (a and
b) occur sequentially as dislocations move towards the
matrix/precipitate interface and shear the precipitates.
Shearing and Orowan bypass occur, however, in parallel,
thus strengthening is dictated by the mechanism that
requires the smallest stress. The critical radius at which
the deformation mechanism changes from precipitate
shearing to an Orowan bypass mechanism in the Al–Sc sys-
tem is 1.5–2.0 nm in an Al–0.18 at.% Sc alloy [3,87].
Accordingly, for the four aging conditions we studied, with
average precipitate radii ranging from 3.1 to 3.8 nm, the
Orowan bypass mechanism is predicted to be operative,
as confirmed by numerical results (Table 5). This table also
shows that there is good agreement between the measured
and predicted Orowan strength increments, as also
reported for Al–0.06 at.% Sc alloys with and without dilute
additions of Zr, Ti, Gd, Tb, Dy, Ho, Er, Tm, Yb and Lu
[3,23,24,34,53,58,88].
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5. Conclusions

The effect of substituting Er for Sc in an Al–0.06 Zr–0.06
Sc at.% alloy was studied with the goal of developing Al
alloys to replace some cast iron and titanium alloy compo-
nents subjected to low stresses in existing automotive and
aerospace applications at temperatures up to 400 �C. The
conclusions from this work are now summarized:

� Coherent, spheroidal, L12-ordered precipitates with a
nanostructure consisting of an Er-enriched core sur-
rounded by a Sc-enriched inner shell and a Zr-enriched
outer shell were formed. This core/double-shell structure
is formed upon aging as solute elements precipitate
sequentially according to their diffusivities, where
DEr > DSc > DZr. The core/double-shell structure
remains coarsening resistant for at least 64 days at
400 �C.
� The effective Zr and Er concentrations of the alloys were

diminished to 200–300 at. ppm Zr and 46 ± 2 at. ppm
Er, as measured by APT, due to incomplete dissolution
of the Al–Zr master alloy, and the formation of primary
Al3Er (L12) precipitates during solidification and
homogenization.
� Zr and Er are effective replacements for Sc, accounting

for 33 ± 1% of the total precipitate solute content in
Al–0.06 Zr–0.04 Sc–0.02 Er aged at 400 �C for 64 days.
The measured precipitate composition for this aging
condition is 70.46 ± 0.22 at.% Al, 6.55 ± 0.12 at.% Zr,
19.75 ± 0.19 at.% Sc, 3.24 ± 0.09 at.% Er. The matrix
solute composition after 64 days at 400 �C is 35 ±
15 at. ppm Zr, 25 ± 6 at. ppm Sc and 13 ± 9 at. ppm
Er, providing an upper bound for the matrix solute sol-
ubility at 400 �C.
� In the absence of Er, a low number density of non-equilib-

rium lobed-cuboidal precipitates is formed during iso-
thermal aging at 400 �C, resulting in a peak
microhardness of only 243 ± 3 MPa after 8 days com-
pared to the homogenized value of 199 ± 14 MPa. The
lobed-cuboidal morphology is a result of slow nucleation
kinetics, and develops to accommodate the anisotropy of
the elastic constants of the matrix and the precipitates.
� The addition of Er leads to precipitate nucleation during

isochronal aging at 200 �C, whereas precipitation is
delayed until 300 �C in the Er-free alloy. Er also
decreases the incubation time for precipitation during
isothermal aging at 400 �C from 0.5 h to 0.5 min. This
acceleration of the precipitation kinetics is because
DEr > DSc in Al.
� In the peak-strengthened Al–Zr–Sc and Al–Zr–Sc–Er

alloys studied, where the average precipitate radii range
from 3.1 to 3.8 nm, the Orowan bypass mechanism is
predicted to be operative, with good agreement between
the measured and predicted strengthening increment.
� A two-stage aging treatment of 24 h at 300 �C, followed

by further aging at 400 �C, significantly improves the
microhardness of Al–0.06 Zr–0.06 Sc during subsequent
isothermal aging at 400 �C. After 24 h at 300 �C, the
microhardness of Al–0.06 Zr–0.06 Sc is 523 ± 7 MPa,
compared to 236 ± 3 MPa after 24 h at 400 �C. The
aging treatment at 300 �C provides sufficient solute
supersaturation to precipitate a significant number den-
sity (1021–1022 m�3) of nanoscale spheroidal precipi-
tates, eliminating the lobed-cuboidal precipitate
morphology.
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Appendix A

The strength increments for order strengthening (Drord),
coherency and modulus strengthening (Drcoh + Drmod),
and strengthening by the Orowan bypass mechanism
(DrOr), are calculated employing the methodology
described in Refs. [3,89,90]. First, the contribution to the
yield strength from order strengthening is given by:

Drord ¼ 0:81M
cAPB

2b
3p/

8

� �1=2

; ð1AÞ

where M = 3.06 is the mean matrix orientation factor for
Al [91], b = 0.286 nm is the magnitude of the matrix Bur-
gers vector [92], / is the volume fraction of precipitates
and cABP = 0.5 J m�2 is an average value of the Al3Sc anti-
phase boundary (APB) energy for the (1 1 1) plane [93–95].

The increase in yield strength due to coherency strength-
ening is given by:

Drcoh ¼ MaeðGeÞ3=2 hRi/
0:5Gb

� �1=2

; ð2AÞ

where ae = 2.6 is a constant [89], hRi is the mean precipitate
radius, G = 25.4 GPa [92] is the shear modulus of Al, e is
the constrained lattice parameter mismatch, taken to be
that of Al3Zr (L12) in Al (e = +0.88% [1]) to approximate
the Zr-enriched shell that envelopes the precipitates. This
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provides a lower bound for the coherency-strengthening
increment, since Al3Sc (L12) and Al3Er (L12) have higher
constrained lattice parameter mismatches than Zr. The cal-
culation of an upper bound for coherency strengthening is
unnecessary since the Orowan bypass mechanism requires
a lower stress than the calculated lower bound for Drcoh
(Table 5) and is therefore the dominant precipitation-
strengthening mechanism for all peak-aged samples.

Strengthening by modulus mismatch is given by:

Drmod ¼ 0:0055MðDGÞ3=2 2/

Gb2

� �1=2

b
hRi
b

� � 3m
2 �1ð Þ

; ð3AÞ

where DG = 42.5 GPa is the shear modulus mismatch be-
tween the matrix and the precipitates [96], and m is a con-
stant taken to be 0.85 [89].

Finally, the increase in yield strength for the Orowan
bypass mechanism is given by:

DrOr ¼ M
0:4

p
Gbffiffiffiffiffiffiffiffiffiffiffi
1� v
p

ln
ffiffiffiffiffi
2=32
p

hRi
b

� �
k

; ð4AÞ

where m = 0.34 is the Poisson’s ratio of the matrix [91] and
k is the interprecipitate distance, which is taken as the
square lattice spacing in parallel planes [97]:

k ¼ 3p
4/

� �1=2

� 1:64

" #
hRi: ð5AÞ
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